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• Synopsis 


The ordered intermetailic compounds constitute the major strengthening phases in Ni and 
Co-base superalloys. Since many of these intermetailic compounds maintain long range or- 
dered structures almost upto their melting points, they impart significant high temperature 
strengthening effect to the matrix materials. For the last few decades, superalloys have been 
developed and used successfully in gas turbines, aircraft engines, diesel engines, turbocharg- 
ers etc. which normalh- operate at high temperatures (700° - 1200°C) and under severe 
atmospheric conditions. Attempts have been going on for the last few years to develop 
the intermetailic compounds themselves as high temperature structural materials and these 
have resulted in the successful production and specialized application of a number of such 
materials. 

Among the various intermetailic materials, the aluminide family, primarily represented 
by the trinickel aluminide. Ni 3 Al, has shown an excellent promise because of its high tem- 
perature strength and resistance against hot corrosion and oxidation etc. However, poor 
polycrystalline ductility was found to be an inherent drawback of this material. This diffi- 
culty has now been tackled by boron-addition, and it has. been observed that micro-alloying 
with boron enhances the room temperature polycrystalline ductility of slightly hypostoichio- 
metric NisAl to a great extent. 

Ternary additions of several elements such as Hf. Cr, Fe, Cu, Zr, Ti, W, Co etc. in 
NiaAl have also been found to produce remarkable improvement in properties like strength, 
toughness, hot corrosion resistance, hot and cold workability, creep and fatigue strength etc. 
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With a view to exploiting the full potential of this material a number of studies have been 
carried out on many aspects of single phase Ni 3 Al(B). 

During the processing of Ni 3 Al(B) through thermomechanical routes the material will be 
subjected to both cold deformation and annealing. These will promote the development of 
specific crystallographic textures in the material which will ultimately affect its mechanical 
properties. Only recently some systematic work has been carried out on the development 
of deformation and recrystallization textures and related aspects in single phase Ni 3 Al(B). 
This work has been, by no means, quite exhaustive and more research is needed to clarify 
texture formation during processing of this alloy. 

More recently, substantial attention is iDeiug paid to the development of two-phase Ni 3 Al- 
base alloys which, along with ordered Ni 3 Al (',/), also contain a Ni-base disordered FCC phase 
(7). Such a two-phase material is expected to exhibit a better combination of strength and 
ductility; at the same time, selected ternary additions could enhance the material properties 
even further. Very little work, however, has been carried out in these areas till date, leaving 
ample scope for more scientific work, especially on the textural aspects of the material 
during processing. For this reason, a systematic attempt has been made in the present 
work to investigate in detail the development of cold rolling and annealing textures in a 
two-phase Ni 3 Al(B,Zr) alloy, with a composition similar to what is known as an IC50 alloy. 
Investigations have also been carried out on other important aspects such as the evolution 
of microstructure, structural stability, ordering behaviour and" recrystallization kinetics etc. / 

The alloy used in the present investigation was obtained in the form of a continuously 
cast sheet of ~ 1 mm thickness, with the nominal composition Ni-21.8Al-0.34Zr-0.lB in 
atomic percent. The cast material was homogenized by annealing in vacuum (< 10““* Pa) 
at 11-50°C for 24 hjar. The homogenized alloy was cold rolled in a 2-high laboratory rolling 
mill to different levels of percentage reduction, upto a maximum of 73%. Subsequently, the 
73%. rolled alloy was annealed, first isochronally followed by isothermal annealing. Isochronal 
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annealing was done for 1 h| each at several temperatures ranging from 500° to l‘?00°C while 
isothermal annealing was carried out upi:o full recrystallization at five different temperatures 
ranging from 800° to 1200°C. 

Microstructural characterization was carried out from- the cast and homogenized as well 
as the deformed and recrt'stallized samples using optical and scanning electron microscope 
(SEM). A selected number of samples, both in the deformed and partially recrystallized 
conditions, were also extensively studied using a transmission electron microscope (TEM) 
thorough X-ray diffraction study was carried out on the initial material as well as on 
the deformed and annealed samples at different stages of processing. Integrated intensities 
of the relevant peaks were measured from each of the XRD profiles for the determination 
of long range order parameters Sioo/200 ^tiid Sno/2201 based on the intensity ratios of the 
100/200 and 110/220 reflection pairs respectively. Strain parameter values were calculated 
by measuring the ratios of the half intensity breadths of the (111) and (200) lines in the 
XRD profile at any stage to the corresponding breadths of the same lines in the original 

1 . .1 

homogenized sample. The microhardness values of all the samples were also determined in 
the usual manner. 

The kinetics of recrystallization was studied from the plots of volume fraction recrystal- 
lized versus time at particular annealing temperatures and the values of different parameters 
such as ‘n’ (Avrami exponent) and ‘Q’ (activation energy) determined therefrom. 'Differen- 
tial scanning calorimetric (DSC) study was conducted on all the deformed samples. *in order 
to have an idea about the energj' release during the annealing treatment. Crystallographic 
textures were determined for all the deformed and a few isothermally annealed (at 900°C) 
samples using both (111) pole figures and orientation distribution functions (ODE). 

^The results of the present investigation indicate that the starting material, i.e. the 
homogenized alloy, has a distinct two phase microstructure with islands of disordered FCC 
Ni-rich 7 phase distributed within the ordered NisAl (7/) matrix. At the initial stages 
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of deformation, the 7 islands get elongated along the rolling direction and align themselves 
along the deformation bands. At later stages, when a high density of shear bands form, the 7 
islands get further aligned along the shear bands. The TEM micrographs reveal the presence 
of numerous twins along with highly dislocated substructure from a deformation level of 35% 
onwards. Neither deformed 7 nor the LI2 structure of 7/ are expected to deform by twinning. 
From X-ray diffraction and microstructural evidences these twins have been related to a 
possible structural transformation in o/ from LI2 to D022'since the DO22 structure is known 
to deform by twinning only. The LI2 DO22 transformation most probably takes place 
between 35% and 45% cold deformation. During this range of rolling deformation both the 
strain parameter and the microhardness values decrease abruptly indicating a strain-induced 
transformation. At this level of deformation the order parameter Sioo/2oo> chracteristic of 
the LI2 structure of NisAl. becomes zero whereas the parameter Suo/220 starts showing 
an increase. The Siio/220 parameter reaches a maxima after 55% rolling, beyond which it 
decreases again. 

Significant textural changes occur in this material with the progress of cold rolling. A 
pure metal type texture is produced at the initial stage of cold rolling. This changes into an 
alloy type texture characterized by a strong Bs {011}< 211 > component after 35% rolling. 
The overall texture intensity decreases till 55% deformation and then shows an increase at 
65% and 73% deformation. The final texture again appears to be alloy type. It is known that 
in FCC materials the deformation mode governs the formation of crystallographic texture. 
Therefore, the two phases in the present alloy, 7/ and 7, whose deformation modes are 
not likely to be of the same type, are expected to develop different kinds of texture, the 
combined effect of which is actually reflected in the overall texture of the material. The 
Bs/S {168}< 211 > component has been found to be the strongest component after 35%, 
45% and 73% rolling reductions. 

TEM micrographs show that at the initial stages of annealing a ‘de-twinning’ process 
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seems to operate whereby the high density twins of the 73% cold rolled material disappear 
within a very short period of time. X-ray diffraction results indicate that the above phe- 
nomenon is also accompanied by a reordering process which changes the DOoo structure 
of the cold rolled material back to the original LI2. A level of ordering, characteristic of 
the ori,ginal homogenized sample, is established quickly during the recovery stage and this 
changes only a little during subsequent recrystallization. The transformation from the DO22 
back to the LI2 structure appears to weaken the texture of the 73% cold rolled material even 
before significant amount of recrystallization has taken place. 

Recrystallization appears to start at the shear band regions containing deformed 7 is- 
lands. The high nucleation rate within the shecU' bands and the heterogeneous nucleation 
sites provided by the fine 7/ particles inside the 7 islands, all lead to the formation of a high 
density of small recrystallized grains. During annealing at the lower temperatures of 700° 
and S00°C the interfaces between the deformed 7 regions and the 7/ matrix appear to act 
as reaction fronts for combined recrystallization and precipitation. As a result, the recrys- 
tallized 7’ grains contain a discontinuous (cellular) precipitation inside. Annealing at the 
intermediate temperature of 900°C leads to the formation of both discontinuous and a fine 
globular precipitation inside the 7 grains. At the higher annealing temperature of 1000°C, 
recrystallization of 7 grains appears to precede the formation of fine globular precipitates 
inside the grains. Careful examination of the SAD patterns indicate that these precipitates 
- whether cellular or globular - are nothing but of NisAl (7/). 

After the recrystallization of the deformed 7 regions is almost over, in the second stage 
of recrystallization, the deformed 7/ regions start to recrystallize. The microstructure of the 
final annealed material appears to consist of 

• nearly 50% by volume of recrystallized 7 grains with 7/ precipitates within, 

• nearly 50% by volume of recrystallized 7/ grains and 

• a very small fraction of recrystallized pure 7 grains without any precipitates inside. 
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That recrystallization here is a two stage process has also been corroborated bv the 
activation energy data obtained from the recrystallization kinetics studies. The measured 
activation energy (Q) values have been found to be more or less independent of the annealing 
temperature, but very much dependent on the volume fraction of material recrystallized. 
Thus a Q value of about 117 kJ/mole is obtained when the volume fraction recrystallized 
is < 0.5 whereas Q has a value of 274 kJ/mole for recrystallization volume fractions of 0.5 
and more. Evidently the lower actix’ation energy relates to the initial recrystallization of 
the deformed 7 regions which is followed in the next stage by the recrystallization of the 
deformed 7/ grains, which is sluggish at the beginning and needs a higher activation energ}'. 

As mentioned earlier, ^drastic weakening of the deformation texture appears to take place 
during the recovery stage. The texture at the beginning of recrystallization process is already 
very weak and it remains so till the progress of recrystallization is complete. .A. high density 
of randomly oriented nuclei seems- to contribute towards this phenomenon. The final texture 
is not much different from the random, indicating that the material will be nearly isotropic 
at the end of the deformation and recrystallization processing. * 
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• Introduction 


High temperature structural materials constitute an important group of materials which are 
specifically designed for high temperature applications, such as aircraft engines, gas turbines, 
diesel engine turbochargers etc. The ever increasing need for energ}- conservation demands 
the designing of fuel efficient engines or turbines which can operate at even liigher temper- 
atures. Such materials find applications in other fields also, namely, for the manufacture 
of marine turbines, reactors, coal gasification plants, chemical industry, heat e.xchangers, 
exhaust valves, satellite propulsion systems, rockets and missiles etc. 

The desirable properties for a high temperature material are: 

• High melting point and adequate strength at service temperatures. 

• Structural and dimensional stability. 

• Excellent creep and fatigue resistance. 

• Excellent corrosion and oxidation resistance, both at ambient and high temperatures. 

• High strength to weight ratio, which is a primary necessity for aerospace applications. 

• Easy processing and fabricability. 

It has indeed been a great challenge for the metarials engineers to design ad^tanced high 
temperature structural materials with satisfactory level of performance. Alloys based on 
high melting refractory metals with superior creep strength had been considered earlier, but 
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their poor oxidation resistance restricted their scope. Ceramic materials have excellent di- 
mensional stability and environmental resistance along with a high strength to weight ratio 
However, the extremely poor toughness of these materials has limited their industrial ap- 
plication. Hybrids of ceramics and metals, known as cermets, and the advanced structural 
ceramics are still under vigorous investigation. The most successful high temperature mate- 
rials developed until now are the Ni-base superalloys in which the nickel aluminide ordered 
intermetallic compound, NiaAl, actually constitutes the main strengthening phase. Later, 
research activities have been focussed on the development of high temperature materials 
based on the ordered intermetallics themselves, such as the aluminides of Ni and Ti. 

The elevated temperature mechanical strength and creep resistance of NisAl has been 
found to be highly satisfactory due to restricted diffusion in ordered structure. The unique 
property of NiaAl is its positive temperature coefficient of flow stress: the flow stress increases 
with temperature upjto TOO^C. NiaAl is also highly oxidation resistant due to irs ability to 
form adherent oxide surface films that protect the base metal from environmental attack. 

A major drawback of polycrystalline NisAl intermetallic compound is its brittleness which 
leads to intergranular fracture. This is essentially a grain boundary phenomenon as the 
single crystal of NisAl has been found to be sufficiently ductile. In fact, the polycrystalline 
brittleness of this material had delayed its commercialization. Aoki and Izumi [1] were the 
first to observe that microalloying with boron improved the ductility of polycrystalline NiaAl. 
Later, Liu et al [2] showed that a precise control of boron addition, alloy stoichiometry and 
thermomechanical treatment could produce in NisAl tensile elongations exceeding 50% at 
room temperature. They also observed that the fracture was basically transgranular in 
nature in boron doped NisAl. 

It is now an established fact that boron doped hypostoichiometric (slightly Ni-rich) NijAl 
is an excellent structural material with adequate room temperature ductility. Along with 
other attractive properties, an important characteristic of NisAl is that it shows a good 
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deal of flexibility in material designing. Addition of several elements such as Cr. Hf Zr 
Fe, Co, W, Ti, Nb etc. to NisAl impart solid solution strengthening and improve cold and 
hot workability, hot corrosion resistance etc. The combination of suitable alloying additions 
and processing techniques are expected to lead to superior material properties for NisAl, 
even better than the superalloys. Figure 1.1 compares the yield strength variations with 
temperature for a few materials, namely, 316 stainless steel, Hastelloy X and IN-713C (all 
superalloys), Ni 3 Al(B) and advanced nickel aluminides. It is clearly seen that the advanced 
aluminides have a distinct edge over the other high temperature materials [3]. 

A large number of two-phase advanced nickel aluminides have also been designed, the 
most important among these being Ni 3 Al(B,Zr). Basically it is a hypostoichiometric alloy, 
consisting mainly of the ordered Ni 3 Al ( 7 ^), with a minor fraction of disordered Ni-base solid 
solution (7) phase. Boron has been added to improve its cold workability and zirconium 
for solid solution strengthening. The commercial designation of this alloy is IC50, and this 
is generally used as a base alloy for the development of other advanced nickel aluminide 
compositions. 

The thermomechanical processing of Ni 3 Al and related intermetallics could involve both 
cold deformation and annealing treatments. However, very little systematic study has so far 
been carried out in this direction. The processing of nickel aluminides is also expected to 
have pronounced effect on the development of textures in these materials. Since textures are 
known to affect the mechanical properties very significantly, investigations into these aspects 
is also of utmost importance. Although some work in this area has recently been carried 
out on single phase Ni 3 Al(B) alloys, very little information is available on the deformation 
and annealing behaviour of two-phase NisAl-base alloys. The present work was therefore 
undertaken to carry out a systematic study of the microstructural and textural changes that 
occur during cold rolling and subsequent annealing in a two-phase Ni 3 Al(B,Zr) alloy. 
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Figure 1.1 Yield strength versus test temperature for NisAl alloys, 
two superalloys and type 316 stainless steel [3] 
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Several characterization techniques have been used for this purpose. The structural sta- 
bility of the alloy and changes in the ordered state as a function of cold rolling and annealing 
treatments have been thoroughly investigated using standard XRD techniques. Microstruc- 
tural changes have been recorded by optical, scanning and transmission electron microscopy. 
The development of textures during cold deformation and annealing has been investigated by 
measuring pole figures and ODFs (Orientation Distribution Functions). The kinetics of re- 
crystallization was carefully studied in the usual manner by analysing the results pertaining 
to the progress of recrystallization. Measurements of strain parameter and microhardness 
values at different stages of processing and some heat release experiments using a Differential 
Scanning Calorimeter (DSC) were also undertaken. The results have been analysed carefully 
and discussed and appropriate conclusions were drawn therefrom. 
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Ordered intermetallic compounds constitute an important class of materials. They usually 
exhibit remarkable structural stability, along with excellent high temperature mechanical 
properties. The aluminides. such as nickel aluminide, titanium aluminide and iron alu- 
minide show good corrosion and oxidation resistance. NiaAl based inrermetallic compounds 
constitute the main strengthening phase in the Ni and Co base superalloys. Quite naturally, 
for the last few years, these materials have received considerable attention from materials 
engineers and scientists. The ongoing research has opened a new horizon for the future 
generation of high strength materials. 

The technological importance of the aluminides is due basically to their excellent struc- 
tural stability upto the order - disorder transformation temperatures. The transformation 
temperature is often quite high, sometimes the material is ordered even upto its melting 
point. Another important advantage of the aluminides is their high strength to weight ratio, 
essentially for titanium aluminides. The transformation temperature (T^), melting point 
(Tm), density (p) and Young’s modulus (E) of a few important aluminide intermetallics are 
listed in Table 2.1 [4]. 
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Table 2.1 Properties of nickel, iron and titanium alnminir|Q.g 


Alloy 

Crystal Structure. 


fmec) 

p(gm/cc) 

E(GPa) 1 

NiaAl 

LI2 (ordered FCC) 

1390 

KH 



NiAl 

B2 (ordered BCC) 

1640 




FeaAl 

DOa (ordered BCC) 

540 

1540 

6.72 

141 


B2 (ordered BCC) 

760 

1540 


— 

FeAl 

B2 (ordered BCC) 

1250 

1250 



TiaAl 

DOi 9 (ordered HCP) 

1100 

1600 


IHSHI 

TiAl 

Llo (ordered tetragonal) 

1460 

1460 



TiAla 

DO22 (ordered tetra) 

1350 

1350 




2.1 NisAl Intermetallic Compound 

An intermetallic compound can be defined as an intermediate phase in an alloy system, 
having a narrow range of composition and relatively simple stoichiometric proportions, in 
which the nature of the atomic binding can vary from metallic to ionic [5]. An intermediate 
phase can form by a congruent transformation, or an incongruent, for instance, a peritectic 
transformation. Figure 2.1 shows the aluminium - nickel binary phase diagram [6]. At 75 
atomic percent Ni, the intermetallic compound (7/) is formed, within a limited solubility 
range. This phase is basically the product of a peritectic reaction taking place at 1395°C 
which is actually quite close to the melting point for that composition. 

The NisAl single crystal is sufficiently ductile; however, the polycrystalline NisAl. like 
the other intermetallic compounds, is extremely brittle which is an inherent limitation of 
the material. However, it was later found out that polycrystalline NiaAl can be made sub- 
stantially ductile at room temperature by boron addition [1, 2]. This discovery actually 
led to the technological application of this intermetallic compound, and practically NiaAl 
is now on commercialization stage. The salient features of NiaAl, its properties, ordering 
behaviour, cold rolling and annealing characteristics, the effect of boron on the ductiliu' and 
related phenomena and textural changes during processing of this material are discussed in 
the following sections. 
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Weight Percent Nickel 



Figure 2.1 Aluminium - Nickel binary phase diagram [3] 
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2.2 Unit Cell and Crystal Structure of NisAl 

The unit cell of the 7/ NisAl phase is shown in Figure 2.2. It is basically a face centered cubic 
structure, in which the A1 atoms occupy the corner sites leaving the face centered positions 
to the Ni atoms. The ordered superlattice structure is composed of four interpenetrating 
simple cubic sub-lattices. The prototype of this structure is CusAu, and its Strukturbericht 
designation is LI 2 [7]. The atom positions are; 

A1 - 000 

Ni _ ini iin 0-i 

IM 2^2’ 2 2^’ ^2 2 

The lattice parameter of stoichiometric NisAl has been reported as 3.561 A[8]. 

2.3 Ordering Behaviour of NisAl 

An ordered intermetallic compound remains ordered upto a critical temperature, known as 
order-disorder transformation temperature. The coherent scheme of order which e.\tends over 
a large region of the lattice is usually known as long range order. The basic condition of the 
ordering phenomenon is that a particular type of atom should be surrounded or neighboured 
by different types of atoms. In a superlattice, generated by the sub-lattices of two kinds of 
atoms A and B, the atoms occupy specific positions alloted for them. This is schematically 
shown in Figure 2.3. Therefore, if p is the probability that a right position for an atom is 
filled by an A atom, and r is the fraction of the lattice sites that is occupied by A atoms in 
the state of perfect order, then the long range order parameter can be given by the relation [7] 

S = {p-r)/{l-r) (2.1) 

where S varies from 0 to 1. Figure 2.4 shows how the long range order parameter ^•aiies with 
temperature. The nature of the curve shown in this Figure is analogous to the ^uriation of 
saturation magnetization with temperature. 


UT Ktmpur^ i996 







Chapter 2 : Literature 


14 


In the absence of long range order, a short range order can exist, which maintains the 
condition that dissimilax atoms should attract one another preferentially [9], Manv of the 
intermetallic compounds have their order-disorder transformation temperatures close to their 
respective melting points, and sometimes the transformation temperature lies in the liquid 
zone of the phase diagram. In the latter case the material directly freezes into the fullv 
ordered state, and holds its strength nearly upto its melting point. NisAl is an intermetallic 
compound of this kind which retains its strength upto a high temperature level. 

Extensive investigations have been carried out on the ordering behaviour of 7/ NisAl. 
The stability of the ordered structure depends on a few important parameters, such as 
temperature, stoichiometry, alloying addition and amount of plaatic deformation. 

As mentioned earlier, NisAl retains its ordered structure nearly upto its melting point. 
Guard and Westbrook [10] reported the presence of the (100) superlattice peak even at 
1000°C. According to Corey and Lisowsky [11], off-stoichiometric Ni-rich NisAl having 22.5% 
X\ became disordered at above 1100°C. Stoeckinger and Newmann [12] reported on the basis 
of (100) / (200) and (300) / (400) intensity ratios that the long range order was maintained upto 
nearly 1320°C, in case of both stoichiometric and non-stoichiometric single cr^-stals. It was 
later supported by Pope and Garin [13]. 

The effect of composition on the ordering behaviour of Ni^Al was studied in detail by 
Stoeckinger and Newmann [12]. They reported that off-stoichiometric NisAl having less than 
23 atomic percent A1 contained disordered 7 (Ni-rich solid solution) phase along with the 7/ 
phase at 1100°C. The binary Ni-Al phase diagram (Figure 2.1) shows that the solubility of 
A1 in the terminal 7 solid solution increases considerably at high temperatures. Therefore, it 
is quite natural that lower the A1 content of the alloy, closer will be the composition to the 7 

region and higher will be the volume fraction of disordered 7 phase at higher temperatures. 

•) 

Noguchi et al [14] also reported that alloy stoichiometry affected the stability of the or- 
dered structure of Nia Al. They suggested that increasing the minority component (Al in this 


JIT Ktmpur, lS9e 



Chapter 2 : Literature 


15 


case) lowered the stability of LI2 structure, with respect to the DO22 structure. It was sup- 
posed to be due to the presence of anti-structure defects which are actually created when one 
particular kind of atom occupies positions in different sub-lattices. Masahashi et al [15] re- 
ported that the addition of carbon and boron, in both stoichiometric and non-stoichiometric 
NisAl, intensified the superlattice reflections. They suggested that the strongly attractive 
interaction between Ni atom and the interstitials stabilizes the LI2 structure of NisAl. Thev 
also observ'ed that pure, stoichiometric NisAl was not fully ordered and the order parameter 
was determined as 0.88; however the addition of Be, which occupied the Al sites, enhanced 
the ordering of LI2 structure. 

Ramesh et al [16] obtained some interesting results while measuring the order parameters 
of stoichiometric and Ni-rich off-stoichiometric NiaAl with and without boron. In their 
experiments, the long range order parameter, S, was computed on the basis of the intensity 
ratios of the (100)/(200) and (110)/(220) reflection pairs. They found that the LI2 structure 
of stoichiometric NisAl attained a maximum stability at about 600‘’C (Figure 2.5); the 
order parameter was then close to the theoretical value. Above 600°C, however, splitting of 
the (100), (110), (111), (200) and (220) peaks indicated a structural transformation which, 
according to them, could be from LI2 to DO22 structure (Figure 2.6). It was suggested by 
Yamaguchi et al [17] that the ordered DO22 or DO23 superlattice structures can be derived 
from LI2 by introducing one 3 [HO] APB on every (001) plane or every alternate (001) plane 
respectively (Figure 2.7). It therefore appears that the earlier concept of structural stability 
of NisAl is not absolutely true; at a high temperature the ordering behaviour of Ni3Al can 
be altered. 

It has been reported by several investigators that the ordered LI2 crystal structure of 
NisAl could be made disordered by heavy plastic deformation. Corey and Potter [18] and 
Clark and Mohanty [19] recorded, respectively, the (100)/(200) and (110)/(220) intensity 
ratios of filed Nia Al powders and reported significant disordering effect due to plastic 
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Figure 2.5 Long range order parameter S as a function of temperature 
for stoichiometric NisAl (with and without boron addition) [16] 
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Figure 2.6 XRD intensity profiles of the hypostoichiometric boron doped NisAl alloy 
when subjected to anneals at 1000° and 1200°C [16]; (a) (100) and (110) superlattice 
reflections, (b) (111), (200) and (220) fundamental reflections 
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Figure 2.7 Structural relationship between LI 2 and LI 2 - derivative superlattice structures 
[17]; (a) Lis, (b) DOss, (c) DOss and (d) DOsz structure with an APB on (001) 
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deformation by filing. In the above two cases the (100) and (110) superlattice line inten- 
sities decreased to very low values, as an effect of filing. Complete disappearance of those 
peaks after filing was also reported by Ramesh et al [16]. Clark and Mohanty [19] observed 
that on isothermal annealing of the filed powders, a moderate degree of long range order 
again developed (Figure 2.8) after short recovery times at all temperatures, followed by a 
slow increase towards the equilibrium degree of order on longer annealing at the respective 
temperatures. This kind of behaviour was also reported by Corey and Potter [18] for NisAl 
and Ward and Mikkola [20] for CuaAu. 

Jang and Coch [21] investigated the disordering effect of NisAl powders caused by ball 
milling in a vibratory mill. They found that the superlattice lines disappeared with increasing 
milling time (Figure 2.9). Gialanella et al [22] also reported similar disordering effect of 
ball milling. They measured the (110) and (200) integrated intensity ratios with milling 
time while carrying out investigation on off-stoichiometric NisAl powder and found a steady 
decrease of order parameter, followed by complete disordering after 8 hours of milling time 
(Figure 2.10). Baker et al [23], using the (100) and (110) selected area diffraction spot 
patterns in a TEM, also came to the conclusion that partial disordering of ordered NisAl 
takes place by cold rolling. Ball and Gottstein [24] reported that the long range order 
parameter in Ni 3 Al(B) reduced to 0.6 iifter 70% cold rolling from the initial value of nearly 
unity. Ghosh Chowdhury et al [25] found that the intensity of the (100) superlattice reflection 
gradually decreased during cold rolling and finally disappeared after 65% reduction of off- 
stoichiometric boron doped Ni 3 .A.l(B) (Figure 2.11). On the other hand, the intensity of the 
(110) superlattice line decreased and reached a finite value at high strain levels. In a much 
earlier work, Wassermann [26], who measured the long range order parameter on the basis 
of 100/200 and 110/220 reflection pairs, observed that CusAu. another LI 2 alloy, underwent 
complete disordering on rolling deformation (Figure 2.12). 
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Figure 2.8 The long range order parameter of cold worked NiaAl 
as a function of anneling time [19] 
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Figure 2.11 Variation of long range order parameter 
as a function of rolling deformation of Ni 3 Al(B) [25] 
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Figure 2.12 Variation of long range order parameter 
as a function of rolling strain of C3AU [26] 
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2.4 Defects in NisAl : Dislocations and Planar Faults 

In FCC metals and alloys, the most common slip system' is of the 110 > type with 

|[110] being the Burgers vector of a single dislocation (Figures 2.13a and 2.13b). In the LI 2 
ordered crystal structure, however, a dislocation with Burgers vector f[110] introduces an 
antiphase boundary as shown in Figure 2.13c. Thus, in the same ordered structure, the in- 
troduction of another dislocation of the same kind (as shown in Figure 2.13d) will terminate 
the APB and the long range ordering would be established once again. Therefore, a dislo- 
cation in a disordered structure is actually equivalent to a partial dislocation in an ordered 
structure. The whole unit, consisting of two dislocations is known as a superdislocation, and 
the individual dislocations are known as the superpartials. 

The dissociation of the superpartials is dependent on the elastic energ}^ associated with 
the dislocations and the energy value of the planar faults which actually separate the super- 
partial dislocations. The elastic energj' of a dislocation is proportional to the square of the 
magnitude of its Burgers vector [27]. If a superdislocation of Burgers vector b dissociates 
into two superpartials of Burgers vectors hi and b 2 , the change in elastic energy will be pro- 
portional to bi^ + bo^ — Therefore, dissociation is possible when 

• b\ + b 2 ~ b, and 

• bi^ + 

The two dissociated superpartials are separated by a planar fault region, and the width of 
that region is inversely proportional to the energj^ associated with that planar fault. As a 
result, the decrease in elastic energ}" during a dissociation process is compensated by the 
creation of a planar fault region. The width of the planar fault is decided by the balance 
between the strain energy of dissociated dislocations and the energy value of the respective 
planar fault. The overall concept is that the dissociation is easier for a lower specific energy 
value of the planar faults. 
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Figure 2.13 Slip system and APB in LI 2 structure; (a) (111) plane and < 111 > 
directions in LI 2 (FCC) structure, (b) (010) plane of Liz structure, (c) a ^[101] 
dislocation on (111) plane, producing an APB, and (d) two jflOl] dislocations on 

(111) plane separated by an APB 
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The existence of four types of planar faults on the {111} planes of the LI 2 structure have 
so far been reported [28]. These are 

(a) Antiphase Boundary (APB) 

(b) Complex Stacking Fault (CSF) 

(c) Superlattice Intrinsic Stacking Fault (SISF) 

(d) Superlattice Extrinsic Stacking Fault (SESF) 

Figure 2.14 illustrates the nature of APB, CSF and SISF [29] on {111} planes of an A3B type 
intermetallic alloy. In this Figure, three successive layers of (111) planes have been shown. 
The large, medium and small circles represent atoms on a, b and c layers respective!}', when 
the stacking sequence of (111) planes is abc/abc. When the top layer a is displaced by the 
vector Ja = 5 [ 1 I 0 ]) as shown in the diagram, with respect to the layer 6, the configuration of 
the atom neighbours across the fault is changed, producing an APB. The basic arrangement 
of the atoms is not changed when the lattice sites are randomly occupied by A and B atoms. 
Therefore, an APB only exists in an ordered lattice, which simply places the like atoms side 
by side, violating the nearest neighbour relationship. 

A CSF is created when the top layer a is displaced by the vector /^ = |[211], with respect 
to the layer b. thereby placing the B atoms in the a layer directly above the A atoms in the 
b layer. This results in a local HCP type stacking, similar to the ordinary stacking faults 
in FCC structures. The additional feature is that a CSF involves the effect of wrong bonds 
(i.e. the violation of nearest neighbour relationship). 

SISF is formed when the top layer a is shifted by the vector fsF — |[i21], so that the B 
atoms of the two layers lie directly one above another. As a result, a change occurs in the 
stacking sequence from abc/abc to abc/bc^ Such type of faults are low energj' faults because 
they change the stacking sequence but do not violate the nearest neighbour relationship. 

SESF can be produced when one layer shifts by a vector |[121] and the layer above 
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Figure 2.14 The atomic arrangement and the nature of planar faults 
on the ( 111 ) plane in an A 3 B compound with LI 2 structure 
and stacking sequence ...abc/abc.... 

Large, medium and small circles represent atoms 
on a, b and c layers, respectively [29] 
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shifts by either i[2n] or by |[112], resulting in a change in stacking sequence from abc/abc 
to bcac/bcac. This fault also does not violate the nearest neighbour relationship The 
superlattice faults in the LI 2 structure have the following characteristics [30]: 

SISF = 4 layers of SnNis (DOig) structure 
SESF = 7 layers of TiNis (DO 24 ) structure 
SISF + SESF = 10 layers of VC 03 structure 

and CSF = APB + SISF, which indicates that the energ}^ of complex faults should be larger 
than that of APB. Figure 2.15 schematically shows the difference between the SISF and 
SESF associated with a Frank sessile in LI 2 lattice. 

The specific energies of APB, CSF and SISF in NisAl are displayed in Table 2.2 [31-36]. 
These values actually determine the relative stability of the planar faults, which plays a key 
role in dislocation dissociation on {111} planes. Of course, the dissociation of dislocations 
are more complex here due to the large Burgers vector involved [37]. Various dissociation 
models have been proposed [38-40], which are illustrated in Figure 2.16. 


Table 2.2 Fault energies in NisAl (mJ/m) 


lAPB 

(ill) 

ICSF 

(010) (111) 

ISISF 

(111) 

Reference 

111±15 

90±5 

10±5 

31 

156 

28 259 

96 

32 

142 

83 

13 

33 

180±20 

206±30 


34 

175 

225 


35 

170 

240 


36 


Out of the different types of faults, APBs are the most common in NiaAl [41, 42], while 
SISF dissociation is also observed [41, 43, 44]. Straight screw dislocations are frequently 
observed as dipoles in NiaAl [45, 46]. Veyssiere et al [47] observed APB and CSF coupled 
dissociations in NisAl at high temperatures. 
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Figure 2.16 Atomic arrangement and possible dissociation schemes 
for [IlO] dislocation on (111) in the LI 2 structure; 

(a) types of dissociation, (b) six-fold', (c) four- fold, 

(d) two-fold (APB splitting) and (e) two-fold (SISF splitting) [38-40] 
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2.5 Deformation Modes in NisAl 

NisAl, like other FCC materials, deforms by 110 > slip at room temperature. Sig- 

nificant changes in deformation behaviour are noticed at higher temperatures, and also at 
room temperature with higher deformation levels. 

At higher temperatures, there is a changeover from {111}< 110 > octahedral slip to 
{001}< no > cubic slip [48], which actually results in flow stress increment. Yamaguchi 
and Umakoshi [28] reported that the CRSS for {001}< 110 > slip obeys Schmid’s law while 
that for {111}< no > slip depends on crystal orientation. Another difference is that the 
flow stress for cubic slip is very much sensitive to the strain rate, whereas that for octahedral 
slip has negligible strain rate sensitivity. 

Twinning could be another possible mode of deformation in ordered NisAl. A twin can 
be produced if the Shockley partials move on consecutive {111} planes [49]. However, due 
to this movement, a CSF will be produced simultaneously, but the existence of such faults 
has never been found in NisAl at low temperature as they are associated with higher fault 
energy. The primary twin system in LI 2 structure is {111}< 121 > which requires atomic 
shuffling on every other twin plane, leading to low mobility of twinning dislocations. The 
shear stress in the complimentary twin system is twice as large but it requires no atomic 
shuffling. The evidence of CSF at higher temperature [47] was correlated with the concept 
that the required atomic shuffling is not difficult at that temperature which may lead to twin 
formation. 

Twinning was observed by Ghosh Chowdhury et al [50] during the cold rolling of NisAl (B). 
They reported a structural transformation from LI 2 to DO 22 crystal structure after 65% cold 
rolling. DO 22 is basically an ordered tetragonal structure which deforms by twinning, {112} 
being the principal twin plane. They proposed that NisAl with LI 2 structure deforms by 
slip at lower deformation level. After a certain rolling deformation, the material undergoes a 
strain induced structural transformation (from LI 2 to DO 22 ) ^ind the resulting DO 22 stnic- 
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ture deforms by twinning at still higher levels of deformation. Figure 2.17 shows the X-ray 
intensity profiles of their Ni 3 Al(B) samples cold rolled by different amounts. The gradual 
changes in the XRD patterns indicate the structural transformation which was essentially 
complete at around 65% deformation. 

2.6 Mechanical Properties 

NisAl is a structural intermetallic material wdth good oxidation resistance. Strength of the 
NisAl family of materials is quite high. Grala [51] reported tensile data of NisAl. tested at 
several conditions. For different situations, yield strength of NisAl varied from 100 to 150 
MPa, and tensile strength from 170 to 340 MPa. However, the percentage elongation was not 
very satisfactory. Later, superior material development techniques boosted the mechanical 
properties of this alloy. Schulson et al [52] observed the dramatic effect of boron doping on 
the percentage elongation of NiaAl. The mechanical properties investigated by them on a 
number of NisAl samples are listed in Table 2.3. 


Table 2.3 Mechanical Properties of NisAl 


Alloy 

Grain Size 
(lim) 

Yield Srength 
(MPa) 

Hardness 

(RA-60Kg) 

Elongation 

(%) 

NisAl 

3±0.3 

947±21 

69.9±0.9 

0.0 


10±1 

413±14 

60.2±0.9 

0.6±0.4 


75±5 

155±3 

50±1.5 

0.2±0.2 


827±99 

137±3 

45±2.9 

compression 

NisAl 

, 2.7±0.8 

887±100 

66.3±1.1 

22.7±2.2 

+• B 

10±0.8 

454±41 

58.9±1.2 

20.5±7.3 


75±5 

272±5 

51.9±0.8 

compression 


831±71 

277±8 

53.1±0.5 

compression 


Fujita et al [53] tested a number of specimens of NisAl with and without boron, at room 
temperature as well as elevated temperatures. The room temperature testing data are shown 
in Table 2.4, which also shows the effect of boron addition. They further studied the effect 


JIT Kanpur, 199S 












Chapter 2 : Literature 


35 

of several alloying additions, and observed that the high temperature tensile properties were 
nearly comparable or even better than those of commercial Inconel 713C alloy. 


Table 2.4 Tensile properties of NisAl 


Composition 

0.2% Proof Stress 
(MPa) 

Tensile Strength 
(MPa) 

Elongation 

(%) 

R.A. 

(%) 

NisAl 

150 

— 

2.3 

3.4 

Ni3Al-l-0.05B(wt%) 

170 

610 

33.7 

42.3 

Ni3AH-0.lB(wt%) 

240 

910 

27.8 

29.6 


2.6.1 Effect of Grain Size, Temperature and Alloy Addition 

The effects of grain size and temperature on the mechanical properties of Nia A1 were studied 
by several investigators [54-57]. Weihs et al [54] carried out extensive studies on rhe effect 
of temperature and grain size on the yield strength of a boron doped and stoichiometric 
NisAl. They found that grain size played a vital role at higher temperature, and larger 
grain boundary area drastically softened the material (Figure 2.18). They also recorded 
microhardness data with grain size and found that boron actually reduced the magnitude of 
the Hall- Fetch slope (Figure 2.19). Schulson et al [55] reported that the room temperature 
yield strength ay did not obey the Hall-Fetch relation, rather it was observed to maintain a 
linear relationship with d"°-® , where d indicates the grain size in iim (Figure 2.20). 

Takeyama and Liu [56] worked on the ductility of boron doped NisAl, and reported that 
a smaller grain size gave the best results (Figure 2.21) within the range of 600° - 700°C. 
above which the material with larger grain size underwent premature fracture. Kim et al 

[57] observed that increasing grain size decreased the fracture strain. Srivatsan and Sriram 

[58] also carried out a number of tensile tests in different environments and concluded that 
aqueous environment drastically reduced the strength of NiaAl. 

Ochiai et al [59] investigated the effect of alloying with B-subgroup elements (e.g. Si, Ga. 
Ge, In. Sn, Sb etc.) and observed remarkable enhancement in tensile properties of N^Al 
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by addition of a third element. Mishima et al [60] who studied the effect of alloying with tran- 
sition metals (o.g. Ti, Zr, Hf- "V, bib, ^fo, Ta, W etc.), also reported excellent improvement 
of mechanical properties through alloying. These effects are shown in Figure 2.22. which 
actually features the effects on flow stress of NiaAl by the addition of Sn (a B-subgroup 
element) and Hf (a transition element). The next set of diagrams (Figures 2.23a and 2.23b) 
illustrates the enhancement of flow stress at a fixed temperature by the alloying addition 
(both B-subgroup and transition elements), and compares the solid solution strengthening 
ability of the different solutes. In another study, Mishima et al [61] measured the Young’s 
modulus of NisAl as a function of solute concentration: and found that the B-subgroup ele- 
ments, in general, decreased the Young’s modulus while the transition elements (except Hf) 
enhanced the elastic modulus. 

Srivatsan et al [62] observed the influence of cold deformation and annealing on the 
tensile behaviour of NiaAl alloyed with boron and zirconium. Using different strain rates, 
they observed a tremendous increase in the tensile strength, upto about 1850 MPa. 

2.6.2 Yield Stress Anomaly 

NiaAl shows a substantial increase in yield strength with temperature, in case of both single 
crystal and polycr}Stalline materials. This phenomenon was first detected by Flinn [63] in 
polycrj'-stalline NiaAl. Figure 2.24a shows the yield stress variation of NisAl with temperature 
where a peak can be seen at around 800°C. The peak height and position are not fixed, they 
depend on several parameters such as crystal orientation, alloy stoichiometry, solute addition, 
grain size and strain rate. Figure 2.24a actually shows the effect of alloy stoichiometry on the 
peak height. Figure 2.24b shows similar behaviour exhibited by another LI 2 intermetallic 
alloy, NisGa [14]. In both the cases, higher concentrations of the minority component, i.e. 
Al or Ga, have been found to increase the peak height. Noguchi et al [14] attributed this 
phenomenon to the significant defect hardening effect in the Al or Ga rich intermetallic 
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Figure 2.22 Temperature dependence of 0.2% flow stress in NisAl; 
(a) with addition of Sn [59], (b) with addition of Hf [60] 


UT 1996 







Figure 2.23 Relation between 0.2% flow stress measured at 77K 
and the solute concentration in ternary NiaAl; 

(a) with addition of B-subgroup elements [59], 

(b) with addition of transition elements [60] 
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alloys. 

Thornton et al [48] found that alloying additions substantially altered the flow stress 
peak height and position (Figure 2.25a). They also obser\'ed the effect of microstrain on the 
temperature dependence of flow stress. Figure 2.25b schematically shows their experimental 
results, which indicate that at a very low strain level, the flow stress remains constant 
throughout a wide range of temperatures. The peak flow stress was found to increase at 
higher strain levels. They suggested that at very low strains, the dislocations are sufficiently 
mobile at constant stress, irrespective of the testing temperature. 

Lall et al [64] observed that the flow stress of Ni 3 (Al.Nb) single crystals changed under 
the combined influence of temperature and orientation. They carried out compression tests 
along various crystallographic directions and found that the compression axis was an impor- 
tant factor which altered the flow stress peak height and position (Figure 2.26). Umakoshi 
et al [65] also performed flow stress measurements on Ni 3 (Al,Ti) as a function of tempera- 
ture, orientation, strain rate and sense of the applied uniaxial stress. They found that the 
CRSS for (111) [101] slip depends on the sense of the applied stress also, apart from temper- 
ature and orientation of the samples. They further observed that the CRSS for octahedral 
slip (111)[I01] is strain rate independent, but the CRSS for cubic slip (001)[il0’ is highly 
dependent on strain rate. 

Several mechanisms have been suggested so far to explain the anomalous yield stress 
behaviour of NisAl. The core configurations and mobilities of dislocations on {111} and 
{001} planes have been advanced as the most important factors. Kear and Wilsdorf [66] 
were the first to propose a cross-slip mechanism in which a screw dislocation moving on 
{111} glide planes may partially cross slip on to the energetically favourable {001} planes 
(Figure 2.27), thereby reducing the mobility of the dislocation as a whole. This leads to an 
increase in the flow stress of the material. This effect is much more prominent at higher 
temperatures as the thermal energy facilitates the cross slip process. 
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Figure 2.26 The axial 0.2% flow stress as a function of temperature 
for five orientations of Ni 3 (Al,Nb) single crystals [64] 
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Flinn [63] suggested that a screw dislocation pair, separated by APB, can reduce its 
energy by changing the common plane from the octahedral slip plane to a cube plane. The 
driving force for this process is the lowering of APB energ}^ on (010) glide plane. Cohen and 
Sever [67] explained the line broadening features in strained CusAu in terms of an increase 
in antiphase boundaries in {100} and {111} planes. It means that during plastic deformation 
of ordered LI 2 alloy, the formation of APB on cubic planes can enhance the flow stress which 
is much more prominent at higher temperatures due to the ease of cross slip. 

Using the concept of Flinn [63], Takeuchi and Kuramoto [68] illustrated a dynamical 
breakaiuay model, which is schematically shown in Figure 2.28. In this model, the superlattice 
dislocations extensively move on the {ill} planes. The free motion of the dislocations is 
inhibited by a periodic distribution of pinning points, which are locations where {010} cross 
slip takes place. As a result, the dislocations bow out near the obstacles. The mean distance 
between the pinning points, /. is inversely proportional to the freciuency of the {010} cross 
slip. The number of pinning points the frequency of the {010} cross slip. The numbening j 
an Arrhenius relation, thereby increasing the flow stress of the material. ' 

Paidar et al [69] added the concept of core configuration of dislocations to explain the 
anomalous yield behaviour of NiaAl. According to them, the core configuration of the super- 
partials will be such that their movement on the cube plane {001} will be difficult enough, 
leading to an increase in the flow stress (Figure 2.29a). They suggested that the oval shaped 
core of a ^[lOl] superpartial lies on the (111) plane. When cross-slip of the superpartiai takes 
place on the (010) plane, the oval shaped dislocation core, lying on (111) or (111) plane effec- 
tively impedes the dislocation motion. The cross-slip pinning model (Figure 2.29b) suggested j 

i 

by them illustrates that cross slip takes place rather partially, instead of a complete transfer i 

to the cube plane, as suggested by Kear and Wilsdorf [66]. Hirsch [70] proposed another | 

[ 

model in which the barriers to slip were identified as edge dislocation dipoles formed at the | 

[ 

ends of screw segments which have cross slipped into the {010} planes. i 
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Figure 2.27 Schematic representation of cross slip of a screw dislocation 
pair from the slip plane into a cube plane [66] 



Figure 2.28 Illustration of the cross slip pinning showing the successive positions 
of a superlattice screw dislocation on {ill} by the dynamical breakaway 
from pinning points on {010}; b is the Burgers vector [68] 
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Figure 2.29a The oval shaped core configuration of the ^[101] superpartial [69] 



Figure 2.29b A schematic view of the partial cross slip 
of one superpartial from the (111) to the (010) plane [69] 
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2.6.3 Ductility of NisAl and its Improvement 

Brittleness has been found to be an inherent problem for polycrj-stalline NiaAl intermetalhcs 
Despite high strength and good corrosion resistance its fabricability is extremely poor due 
to the tendency of cleavage fracture at grain boundary regions. On the other hand, NiaAl 
single crystal exhibits a good amount of ductility [71]. The suggested reasons for the poor 
ductility of polycrystalline NiaAl may be classified as [4, 72]: 

• Intrinsic factors like weak grain boundary cohesion, poor cleavage strength and insuf- 
ficient slip system. 

• Extrinsic factors like impurity segregation to grain boundaries and environmental em- 
brittlement. 

Liu and Sikka [73] investigated the ductility of an off-stoichiometric NiaAl alloy (Ni- 
21.5Al-0.5Hf-0.lB at.%), and found that its tensile ductility is e.xtremely poor within the 
temperature range of 600" - S00"C. It gradually reaches a negligible value, then again im- 
proves with increasing temperature, as shown in Figure 2.30. It is interesting to note that 
the tensile ductility of NiaAl is minimum at the same temperature range in which the alloy 
shows the peak flow stress. Substantial improvement was achieved when the same alloy was 
tested in vacuum, although the nature of variation of ductility with temperature did not 
change. 

The temperature dependence of the ductility of NiaAl was thoroughly studied by Choud- 
hury et al [74]. They observed a massive enhancement of tensile ductility at above 900"C, 
while carrying out experiments on the tensile properties of an oflf-stoichiometric alloy, doped 
with 8 at.% Cr. Figure 2.31 illustrates the abrupt enhancement of elongation at above a 
certain temperature level, leading to superplastic behaviour. 

According to Liu et al [2], poor grain boundary cohesion and environmental embrittlement 
are the most important reasons for the brittleness of polycrystalline NigAl. Several 
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explanations have been put forward to account for this phenomenon. Takasugi and Izumi 
[75] obser\^ed that alloys having large valency difference between the constituent atoms were 
more prone to intergranular fracture. According to them, the heterogeneous distribution 
of electronic charge due to A-B bonding actually governed the grain boundary cohesive 
strength. Takasugi et al [76] observed the effect of ternary additions and found that third 
elements such as Mn and Fe which have similar electronic bonding nature as Ni prevented 
grain boundary fracture when they substituted for .A.1 sites in NiaAl alloy. Taub and Briant 
[77], proposed that the electronegativity difference between the atoms of the constituent 
elements actually governs the grain boundary cohesion strength. King and Yoo [78] suggested 
that fewer dislocation reactions at an ordered grain boundary locks the dislocation motion, 
thereby creating strain inhomogeneity which ultimately leads to fracture. Vitek et al [79], 
using computer simulation, suggested that the grain boundaries of strongly ordered LI 2 
compounds must contain microvoids, which could act as nuclei for cracks causing cleavage 
fracture. Chiba et al [SO] emphasized that higher ordering energy increases the tendency 
for intergranular fracture. Messmer and Briant [81] considered the role of chemical bonding 
and found that a strong embrittling element such as S drew charge from the host atom 
while forming bonds with it. As a result, less charge would be available for the formation 
of metal-metal bond, thereby lowering the cohesive force. In contrast, elements like B or 
Ni created an opposite effect in order to maintain the cohesive force at the grain boundary 
region. 

Aoki and Izumi [71], in their experiments on Nia.A.! single crystals, observed nearly 100% 
tensile elongation at room temperature. The typical shear stress-strain curve is shown in 
Figure 2.32a, which indicates substantial ductility of the material. However, as mentioned 
before, the problem was with the polycrystailine ductility, and the experimental results were 
quite disappointing for the polycrystailine NiaAl samples. This material showed almost no 
tensile elongation; however, a little bit ductility was obtained during compression test 
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Figure 2.32a Typical tensile shear stress - shear strain curve 
of NisAl single crystal at room temperature [71] 
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Figure 2.32b Tensile and compressive stress - strain curves of homogenized 
stoichiometric NiaAl polycrystal at room temperature [71] 
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(Figure 2.32b). 

Several methods have been suggested to overcome the brittleness problem of polycrys- 
talline NisAl, the most important among which are enumerated below. 

I. Alloying with Boron : In order to improve the ductility of poiycrystalline NisAl, 
microalloying with small amounts of other elements has been tried. The main aim alwavs was 
how to alter the grain boundary chemistry, thereby improving the cohesive strength. Aoki 
and Izumi [l] noticed for the first time that boron could significantly improve the ductility 
of poiycrystalline NisAl, by changing the fracture mode from intergranular to transgranular. 

Liu et al [2] carried out a systematic study of B-doped NisAl and achieved tensile elon- 
gation of more than 50% by precisely controlling the alloy stoichiometry, the dopant concen- 
tration and the thermomechanical treatment. The effects of boron concentration and alloy 
stoichiometry on the room temperature tensile properties of NisAl are shown in Figures 2.33a 
and 2.33b respectively. It was observed that boron addition was effective only in case of the 
hypostoichiometric (Ni-rich) NisAl, not in the stoichiometric or the hyperstoichiometric (Al- 
rich) alloy. Impurity segregation at the grain boundary is definitely harmful, but this is 
not the only cause of embrittlement as the impurity free NisAl also undergoes intergranular 
fracture [82, 83]. Koch et al [84] used rapid solidification technique in order to suppress the 
impurity segregation, even then the NisAl foils became brittle. Therefore, it appears that 
poor grain boundary cohesion is an intrinsic limitation of this alloy, which could be solved 
by boron addition. 

Boron has a strong tendency to segregate at grain boundary regions in NisAl, particularly 
for the hypostoichiometric alloy, and this alters the grain boundary cohesive energy. The 

energy necessary to cause fracture (7/) may be expressed by the following relationship: 

) 

7/ = 27s - jg (2.1) 

where, 7^ and 7^ are surface energy and grain boundary energy respectively. Liu et al [2] 
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Figure 2.33a Plot of room temperature tensile properties 
as a function of boron concentration for NisAl (24 at.% Al) [2] 
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Figure 2.33b Plot of room temperature tensile properties 
as a function of aluminium concentration [2] 
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noticed that the elements like boron which segregate to grain boundary and not to cavity 
surfaces (free surface) lowers the grain boundary energy 7^ and enhances the cohesion. 

Schulson et al [85] also observed the grain boundary strengthening effect of boron addi- 
tion. According to them, boron facilitates dislocation movement across the grain boundarv. 
Frost [86] considered the \’arious ordering configurations at the grain boundary, and sug- 
gested that boron can lower the difference in energy between different ordering cofigurations, 
thereby lowering the drag on boundary dislocations. In a hypostoichiometric alloy, majority 
of Ni atoms at the grain boundary region will enhance this effect. Thus a moving dislocation 
will experience a lower drag, and slip will be easily accornmodated. 

Baker and Schulson [87] observed a continuous, locally disordered region at the grain 
boundaries of boron doped NiaAl. They concluded that the local disorder might be a pre- 
requisite in order to maintain dislocation mobility and easy transmission of slip across the 
grain boundary, thereby enhancing the ductility of the material. 

Yan et al [88] found the presence of extended dislocations in the boron free alloy only, 
whereas no stacking fault was observed in boron doped samples. The extension of the planar 
faults increased with increase in the aluminium content of the alloy. They concluded that 
boron inhibited the formation of | < 112 > partials, and the absence of SISF made the 
situation easy for the gliding of < 110 > dislocations. Once the mobility of the < 110 > 
dislocation is ensured, the material gains sufficient ductility. 

Chaki [89] also emphasized on the point of local disordering. According to him, Ni-B 
bonds and antisite Ni defects reduce the directionality of bonding, even at the grain interior. 
As a result, the ionic character of the bonds is suppressed, enhancing the metallic character, 
which ultimately improves the ductility in the interior of grains so that deformation can be 
easily transmitted from one grain to another. He also theoretically estimated the optimum 
boron concentration required for effective ductilization to be 3900 ppm, which is in fair- 
agreement 'with the experimental value of optimum concentration of 4700 ppm or 0.1 wt%. 
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II. Alloying with Substitutional Solutes : It appears that the principal condition for 
ductilization is the modification of grain boundary chemistry, so as to facilitate dislocation 
glide motion across the grain boundaries. Effect of the addition of substitutional solutes has 
also been considered in this regard. Takasugi et al [76] introduced the concept of valency 
difference between the element at the substitution site and the third element which substi- 
tutes it. They concluded that when the valency difference is positive, e.g. in case of Fe, Mn 
which substitute for Al atoms, the ductility increases significantly. Other solutes found to 
ductilize NisAl are Pd, Cu. Co, Au, Pt, Ag. 

George et al [90] reported that Zr has a strong effect on the ductility of Nf.^Al. Gu et 
al [91], in a recent work, have found that the addition of zirconium to a hypostoichiometric 
Ni 76 Al 24 alloy (boron free) upto 0.7 atomic percent substantially enhanced the tensile prop- 
erties. The elongation to fracture was increased from 1.1% to 13.2%, while the final yield 
strength (321 MPa) and ultimate tensile strength (649 MPa) were found to be more than 
twice and thrice the respective initial magnitudes. They have concluded that Zr essentially 
segregates to the grain boundaries, and the main role of Zr is to increase the grain boundary 
cohesion in NisAl alloy. 

Chiba et al [92] suggested that the lowering of ordering energy is responsible for duc- 
tilization of Ni^Al. The}’' found that the addition of 7 former, such as Pt, Cu, Co and Pd. 
which degrade the ordering energ}^ was effective in improving the ductility of Nis.A.!. 

III. Thermomechanical Treatment : Ductility of boron doped NisAl can be improved 
by controlling grain size through adequate thermo-mechanical treatments. NisAl, with a 
grain size of a few microns, can show a very high ductility [93], even at superplastic range. 
Addition of other elements like Cr and Zr, as in case of IC50 and IC218, is extremely 

‘ beneficial in developing superplastic property [74, 94, 95]. Aoki and Izumi [71] obtained 
nearly 15% tensile elongation when they used a boron free polycrystalline NiaAl specimen. 
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obtained by cold rolling and annealing of a single crystal. 

2.7 Diffusion in NisAl 

Diffusion in ordered materials is much more complicated as compared to that in disordered 
alloys. The displacement of an atom in a lattice is extremely dependent on the crystal 
structure as well as on the surrounding neighbours. Therefore, it is quite important to have 
an idea of the diffusion in ordered structures in order to develop an understanding about 
their high temperature properties. 

Diffusion basically refers to the spontaneous movement of atoms to new sites within 
a material. The atomic movement is always dependent on temperature and composition. 
Thermal energy and chemical potential act as driving forces for the diffusion process. It is 
easy to understand that atomic movement in an ordered structure results in the creation of 
local disordered regions, thereby violating thermodynamic equilibrium. Thus, the ordering 
energy is another important governing factor that controls diffusion in ordered structures. 
In order to minimize the system energy, atomic migration should take place in such a way 
as to maintain the equilibrium ordering which is often a complicated process. As a result, 
diffusion is eventually slower in ordered structures, theoretically upto the critical temperature 
for order-disorder transformation. This is supposed to be the major cause for the structural 
stability of ordered alloys. 

Hancock [96] and Bronfin et al [97] worked on diffusion of Ni in NiaAl in the range of 920° - 
1200°C. The diffusivity of Ni was found to be independent of composition and the activation 
energ}'’ was insensitive to aluminium content. These results have been attributed to the 
presence of constitutional vacancies; but Aoki and Izumi [98] reported that NisAl has only 
substitutional antisite defects and no constitutional vacancy on either side of stoichiometry. 

Hoshino et al [99] reported that the diffusivity of ®^Ni in NisAl was independent of Al 
content at above 1000°C. However, a minim^ was observed at stoichiometric composition at 
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temperatures below 1000°C. They also observed the enhancement of diffusivity of Ni as an 
effect of boron addition in all the compositions at 1200°C, and in the stoichiometric aUov at 
all temperatures. Figure 2.34 shows a plot of the diffusivity of Ni in binary NisAl [991. The 
activation energy for volume diffusion of Ni and A1 in NiaAl are listed in Table 2.5. 


Table 2.5 Activation energies and frequency factors 


of dil 

fusion of Ni and A1 in 

NisAl 


Element 

Do(mys) 

Q(kJ /mole) 

C(at.% Al) 

T(K) 

Reference i 

Ni 

4.41x10-* 

309 

23.8 

1190-1471 

96 


1.00x10-* 

303 

25.3 

1187-1513 

96 


3.11x10-* 

300 

26.8 

1190-1557 

96 


1.00x10-* 

287 

25.3 

1187-1513 : 

97 


1.32x10-2 

345 

24.0 

1200-1623 

99 


1.46x10-2 

347 

25.0 

1200-1623 ■ 

99 


1.05x10-2 

342 

26.0 

1200-1623 ; 

99 


1.00x10-** 

135 

24.0 

965-1273 1 

) 

99 


1.10x10-** 

141 

25.0 

965-1273 : 

99 


2.00 x 10-*2 

122 

26.0 

965-1273 ' 

99 

A1 

6.60x10-** 

185 

25.0 

1273-1473 ; 

100 


Sun and Lin [101] considered the antisite defects in order to explain the lower diffusmty of 
Ni in stoichiometric and off-stoichiometric NiaAl. They concluded, that since antisite defects 
exist on both sides of stoichiometry, diffusivity is likely to increase with higher concentration 
of antisite defects in off-stoichiometric NiaAl. However, the concentration of antisite defects 
in stoichiometric alloy is a function of temperature only, which means that the diffusmty of 
Ni in NisAl will be independent of bulk composition above a definite temperature. Hancock 
[96] suggested that diffusion in NiaAl involves more complicated processes than the simple 
exchange of vacancies. Chou and Chou [102] measured the grain boundary diffusi\ities in ; 

i 

the temperature range 955‘’C - 1124°C using Ni/NiaAl+B diffusion couples. They found | 
that the grain boundary diffusivity of Ni was much greater than the volume diffusivit}-, but i 
the activation energy for grain boundary diffusion was found higher than that for volume 
diffusion. Watanabe and his co-workers [103, 104] carried out electron microscopic study 
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of Ni/NisAl diffusion couple interfaces. They observed the formation of a coherent 7 (dis- 
ordered) phase at the interface. By measuring the diffusivity values, they concluded that 
interdiffusivities in the 7 phase had been higher than those in the 7 / phase. They also found 
that the interdiffusivities in the 7 / phase were higher than the self diffusi\-ity values of Ni in 
NisAl as obtained in other reports [96, 97, 99]. 

2.8 Annealing of Cold Worked NisAl : 

Recovery and Recrystallization 

Processing of intermetallics may involve cold working followed by suitable thermal treat- 
ments. It is therefore important to consider the phenomena of recovery and recrystallization 
which occur during aianealing of the cold worked material. 

Recovery is basically the removal of work hardening effects, without motion of large 
angle grain boundaries. The next stage is recrystallization which consists in the formation 
of new strain free grains in the cold worked matrix. Since both recovery and recrystallization 
are diffusion controlled processes, the kinetics of recovery and recrystallization are sluggish 
in ordered structure as compared to disordered materials. It is also quite likely that cold 
working and annealing will be accompanied by changes in long range order. 

The effect of cold work on the ordering behaviour of NisAl has been discussed earlier in 
section 2.3. It is known that vigorous cold work, by ball milling, filing or cold rolling, can lead 
to lowering of the order parameter or even total disordering [18, 19, 21-26]. The change of the 
order parameter of boron doped NisAl with large strain cold rolling has been studied by Ball 
and Gottstein [24] and Ghosh Chowdhury et al [25]. In both the cases, the microstructural ; 
development was characterized by the formation of heavy shear bands. Ball and Gottstein 

[24], during TEM study of the longitudinal sections, observed microband clusters with non- [ 

I 

cellular dislocation arrangements; while Ghosh Chowdhury et al [50] observed twin bands in } 
the rolling plane sections. The latter attributed the twinning phenomenon to a structural 
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transformation from LI 2 to DO 22 ordered phase. All these effects are expected to be reversed 
during the annealing treatment. The recrystallization behaviour of a few alloys with the LI 2 
structure, including NisAl, is discussed below. 

NisFe : Vidoz et al [105] examined this sluggishly ordering LI 2 alloy, with Tc = 500°C. 
They found that ordering phenomenon was followed by recrystallization below Tc, and that 
reduced the elastic strains in the cold worked alloy. The reordering also hindered the recrys- 
tallization. They also observed a significant strain age hardening effect for the stoichiometric 
alloy; however the off-stoichiometric alloys gradually softened during annealing. 

CosTi : Takasugi and Izumi [106] investigated the recrystallization and grain growth be- 
haviour of CosTi, which is usually ordered upto its melting point. The recrystallization 
behaviour was observed to be very sluggish. The hardness results indicated that recovery 
preceded recrystallization. 

ZrsAl : Gagne and Schulson [107] reported that recrystallization behaviour of this alloy 
was normal as it was not prevented by ordering. The short term hardness maxima which 
appeared during annealing of the cold rolled alloy was due to the transient increase in 
faulting. However, Gialanella et al [22] found that ZrsAl also could be disordered by ball 
milling. Therefore, it is quite obvious that reordering effect also plays a key role in the 
recrystallization of deformed ZrsAl. 

(Co 78 Fe 22 ) 3 V : The order disorder transformation temperature of this alloy is nearly 
950^0. Cahn et al [108] found that recovery preceded recrystallization, and the recrystal- 
lization behaviour was also sluggish. An abrupt change at Tc was noticed (Figure 2.35), I 
where the time for 50% recrystallization discontinuously increased to a higher magnitude. 1 

I 

It indicates that ordering impedes the grain boundary mobility to a great extent. 
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CuaAu : The transformation temperature of this alloy is around It can also be 

disordered by cold working [20, 26, 109]. Roessler et al [109], while studying the annealing 
behaviour of 63% cold rolled CusAu at temperatures below T^, observed the strain-age 
hardening effect. The order parameter regained its value at the peak hardness. According 
to Stoloff and Davies [110], the hardness at a constant degree of order varies with domain 
size and reaches a maxim^ for a critical domain size. 

Feller-Kniepmeier and Riickert [111] studied the recovery and ordering kinetics at low 
(10%) and high (90%) strain levels in CuaAu. They concluded that at low strain, the excess 
vacancy concentration was low and the ordering was sluggish enough to allow some recovery. 
However, the driving force for ordering was much higher for the heavily strained sample, and 
the ordering was so quick that recovery and recrystallization almost stopped below Tc- 

Hutchinson et al [112] studied the recrystallization kinetics in 90% cold rolled CusAu. 
Conventional sigmoidal curves for the progress of recrystallization were obtained at temper- 
atures both above and below Tc (shown in Figure 2.36), but the kinetics was extremely slow 
in presence of order. They concluded that the mechanism of recrystallization involved only 
the migration of low angle boundaries, whereas the migration of high angle boundaries would 
lead to an increase of the activation energv- because of the greater extent of misorientation 
across the grain boundary. A strong retardation of grain boundary movement has also been 
observed in several other intermetallic systems [113]. Schematic Arrhenius plots for the tem- 
perature dependence of the time for 50% recovery and recrystallization and schematic plots 
of migration rates for grain boundaries in the ordered and disordered states have been shown 
in Figures 2.37a and 2.37b respectively. 

NisAl : NisAl is ordered nearly upto its melting point. Baker et al [23] observed the partial 
disordering of Nia Al as an effect of cold rolling. By measuring the hardness (shown in Figure 
2.38) they showed that recrystallization occured after recovery stage. Gottstein et al [114] 
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Figure 2.35 Time for 50% recrystallized volume fraction of 50% 


cold rolled (CoysFeoolsV annealed above and below Tc [108] 



Figure 2.36 The fraction recrystailized versus annealing time 
for 90% cold rolled CusAu [112] 
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Figure 2.37a Arrhenius plots showing 
temperature dependence of the time for 
50% recovery and recrystallization [112] 


Figure 2.37b Schematic Arrhenius plots 
of migration rates for grain boundaries in 
the ordered and disordered states [112] 
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Figure 2.38 Hardness of cold deformed NisAl as a function of annealing time 
at various temperatures. Arrows denote the starting of recrystallization [23] 
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found that the recrystallization kinetics followed conventional A\Tami equation but the rate 
was quite sluggish. For 80% cold worked NisAl sample, the recri-stallization temperature was 
observed to be about 0.55 Trn- For large deformations, the stored energy for deformation was 
also high. So, the slower kinetics of recrystallization was attributed to the poor mobilitv of 
high angle grain boundaries in the long range ordered materials. According to them, strain 
induced boundary migration (SIBM) dominated recrystallization after lower degree of cold 
working. Jena et al [115] observed extensive recovery in case of 35% rolled hypostoichiometric 
Ni 3 Al(B). They also found that nucleation started by strain induced boundary migration, 
at the deformation bands as well as at the grain boundry regions. 

Ball and Gottstein [116] found differential recrystallization kinetics at localized regions. 
They observed a high nucleation rate in shear bands, which is followed by a low grain bound- 
ary mobility. This will produce a very small grain size in the final recrystallized material. 
Zhou et al [117] found very little effect of boron on activation energ}’- for recrystallization. 
Gottstein and Kim [118] also reported that Ni 3 Al did undergo dynamic recrystallization 
during high temperature deformation. 

If ordered NisAl undergoes any structural transformation during cold deformation [25], 
the restoration of LI 2 structure could be expected during the annealing stage. Ghosh Chowd- 
hury et al [119], from the study of process energetics, confirmed the existence of three phe- 
nomena. namely, recovery, reversion of DO 22 structure to LI 2 and recrystallization during 
annealing of a heavily cold rolled Ni 3 Al(B) alloy. They also reported that the LI 2 structure 
was restored in two stages. Process kinetics was fast in the first stage (within 200° - 400°C), 
whereas it was a slower one in the next stage (500° - 800°C). The different recrystallization 
parameters observed by many workers are listed in Table 2.6. 
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Table 2.6 Parameters of the recrystallization kinetics of Ni'^Al 


Deformation 

Temperature range 

G 

n 

Reference 

(%) 

CO 

(kJ /mole) 


16.7%(comp) 

850 - 1000 

487.7 

- 

117 

22%CR 

925 - 975 

189.3 

1.69 

■BEBI 

25%CR 

850 - 900 

172.6 

1.74 


30%CR 

850 - 925 

118 - 146 

2.26 


40%CR 

850 - 1000 

301 

1.0 

117 

59%CR* 

750 - 900 

331 

- 

23 

80%CR 

650 

120 

[ . 2.3 

114 


675 

120 

2.1 


85%CR 

800 - 950 

151(X<0.6) 

2.2-0.71 

119 



100(X>0.6) 

3 



CR ; cold rolled; comp : compression; * : single crystal 


2.9 Development of Texture During Processing 

The constituent grains in a polycrystalline material generally assume preferred crystallo- 
graphic orientations during cold rolling as well as after subsequent annealing treatments, 
leading to well defined textures [120]. It is an important phenomenon since textures are 
directly related to the anisotropy of the mechanical, electrical, and magnetic properties of 
a material. In a rolled material, the texture is normally expressed as {hkl}< uvw >, which 
means that the {hkl} planes of the constituent grains are parallel to the rolling plane of the 
sheet, while the < uvw > directions of those grains are aligned in the rolling direction. If 
there are more than one texture component, they are represented as {hikifi} < UiViWi >, 
{h 2 k 2 l 2 } < U 2 V 2 W 2 >, .... etc. 

2.9.1 Deformation Texture in FCC Metals 

The deformation textures developed in pure metals as well as alloys with FCC crystal stmc- \ 
ture are usually of two types - pure metal or copper type and alloy or a-brass type. The cop- | 
per type texture has four major components, namely Cu {112}< 111 >, Bs {011}< 211 >, 

S {123}< 634 > and Goss {011}< 100 >. In alloy type texture, there are mainly two 
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components, a very strong Bs and a relatively weak Goss component. Standard (111) pole 
figures representing these two types of deformation textures are shown in Figure 2.39 [l^i] 

The deformation texture is very much controlled by the deformation mechanism. For 
the materials with higher stacking fault energy’ values, the widths of the stacking faults 
are very low, and therefore these can be easily constricted. In- that situation, cross slip 
becomes easier and the material undergoes mainly slip deformation. When the deformation 
is governed by the slip mode, the rolling texture of FCC metals and alloys is generally of 
copper type. For lower SFE materials, the stacking fault width is much greater, which makes 
it difficult to create any constriction within the stacking fault region and therefore cross slip 
becomes difficult. In these circumstances, the plastic deformation is mainly governed by 
twinning. Wassermann [26] has shown that if mechanical twinning occurs as an additional 
mode of deformation other than slip, the Cu {112}< 111 > component will be transformed 
to {o52}< 115 > by twinning. Further deformation of the twin orientation will then take 
place on the favourable slip systems which will rotate the twdn orientation into the Goss 
position {011}< 100 > and finally into the Bs position {011}< 211 > by further rotation. 

Temperature also plays an important role in determining the roiling texture. Hirsch et 
al [122] have experimentally shown that pure copper which on rolling at room temperature 
gives very sharp copper type texture exhibits predominantly a — brass type texture when it 
is rolled at liquid nitrogen temperature. 

2.9.2 Cold Rolling Texture in NisAl 

A very limited amount of work has been done on the deformation texture of LI 2 ordered , 
materials such as NisAl. Hutchinson et al [112] observed mainly copper type texture after [ 
90% cold rolling of CusAu. They described the texture as a string of orientations extending j 
from {112}< 111 > through {123}< 412 > and {01l}< 211 > to {011}< 100 >. The | 
stacking fault energy of NisAl (~ 130 mJ/m-) is quite comparable to that of pure Ni 
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(~ 150 mJ/m^). Therefore, apparently a pure metal type texture can be expected for NisAl, 
as in case of pure nickel. However, Gottstein et al [114] found mainly Bs {011}< 211 > and 
Goss {011}< 100 >components in the rolling texture of boron doped NisAl. They concluded 
that the origin of this a-brass type texture was within the shear bands, generated by heavy 
deformation. Ball and Gottstein [24], from their TEM work, also observed microband clusters 
and shear bands on the longitudinal sections of 70% cold rolled Ni 3 Al(B) samples. 

Ghosh Chowdhury et al [50] studied the textural changes with cold rolling in samples of 
Ni 3 Al(B). They observed the development of pure metal type texture at the initial stages 
of cold rolling (as expected for FCC materials with high SEE), but gradually the texture 
transformed to alloy type with heavier deformation. The textural transition took place 
within 45%' and 65% cold reduction levels. Electron microscopic study revealed a transition 
in deformation mode from slip to twinning, at the same strain level. They also detected a 
structural transformation from LI 2 to DO 22 at this stage and correlated the texture transition 
with the structural transformation. 

2.9.3 Annealing Texture of FCC Materials 

When heavily cold worked materials such as pure Cu. Ni etc. are annealed, a strong cube 
texture {100}< 001 > is generally produced [123]. Aluminium is an exception, where the 
rolling texture is dominated by the S {123}< 634 > component, and on recrystallization, 
along with the cube, ‘R’ {123}< 412 > component (retained rolling texture) is obtained 
which is very close to the S. In a series of Ni-Co alloys [124], it has been observed that the 
compositions having higher magnitudes of SEE yield mainly the cube texture on recrystal- 
lization, while the compositions with lower SEE values do not show any cube component. 

2.9.4 Annealing Texture of NisAl 

Hutchinson et al [112] reported that annealing of deformed CusAu above Tc gave rise to 
a weak texture while a comparatively stronger texture was obtained below T^. The main 


JIT Kanptir, 1996 


Chapter 2 : Literature 


71 


components above Tc were cube {100}< 001 >, its twin and the retained Cu {112}< 111 > 
Below Tc, the texture consisted of all the major deformation texture components. 

Gottstein et al [114] reported a rather weak annealing texture in recrystallized Ni 3 Al(B) 
They observed a few components namely, {310}< 135 > and {211}< 135 > at 6oO°C and 
{310}< 135 > at 700°C. but could not observe the cube component. Ball and Gottstein [116] 
also observed a very weak recrystallization texture on annealing NisAlfB), which consisted 
of the components {025}< 100 > (rotated cube) and {011}< 100 > (Goss). Ball et al [125] 
observed the S {123}< 634 > orientation along with weak rotated cube components in an 
annealed two phase Ni 3 Al(B.Zr.Fe) alloy. 

Ghosh Chowdhury et al [119] also observed a weak annealing texture in Ni 3 Al(B). Figure 
2.40 wliich shows the recrystallization texture of 85% cold rolled Ni 3 Al(B), after annealing 
at 950"C for 1 hr. depicts a nearly random texture. The maximum intensity was found 
to be ~ 1.5R which was much weaker compared to the intensity of the rolling texture 
(~ 5R). The main components here were weak rotated cube {025}< 100 > with a weak 
Goss {011}< 100 >. They concluded that the textural changes mainly took place during 
the recovery stage, which was accompanied by the reordering and structural restoration 
from DOo 2 to LI 2 crystal structure. No perceptible sharpening of the texture was noticed 
subsequently; however, after prolonged annealing treatment, the overall texture intensity 
improved a bit. with the enhancement of the Goss component. 

2.10 Two Phase NigAl Alloys 

A number of multiphase XisAl based alloys have been developed recently, among which 
the following are highly promising: IC50. IC218, IC218LZr, IC221. IC357, IC396M etc. 
[126]. Suitable alloying additions impart attractive mechanical properties to these multiphase 
alloys. Cold workability of IC50 is excellent due to its 7/ + 7 two phase structure. Although 
not much work has been done in this alloy, it is expected that recrystallization in this material 
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could be a sluggish process, slower than that in single phase NisAl. Due to the presence of 
zirconium, as well as the two phase structure, the grain growth could be effectively controlled 
thereby producing a fine grain structure after annealing. This material has very good hot 
corrosion resistance also. The solid solution strengthening effect of Zr is depicted in the 
diagram shown in Figure 2.41. Ball et al [127] studied the softening behaviours of IC15 
(single phase NiaAl) and two-phase IC50 NisAl (B,Zr.Fe) on the basis of microhardness data 
taken after isochronal annealing. They observed a limiting plateau level in the softening 
curve of IC50, whereas IC15 continued to soften with increasing temperature (as shown in 
Figure 2.42). That the two phase boron doped NisAl can be used as a superplastic material 
has also been reported [74, 94. 95]. 

2.11 Scope of the Present Investigation 

Although enormous amount of research work has already been conducted on the development 
of optimum mechanical properties in NisAl and related alloys, many ambiguities still remain 
in respect of their deformation and yielding behaviour, annealing characteristics, ordering 
and texture development during processing. Very little work has been done till date ro 
study systematically the structure-property relationship of two phase NisAl base materials, 
which appear to be more prospective as compared to the single phase NisAl. So far as the 
development of textures during processing of NisAl and related alloys is concerned, very 
little information is available in the literature. 

.According to Sikka [128], the nickel aluminide alloy designing technolog}' developed by 
Oak Ridge National Laboratory (ORNL) is now being transferred to various industries for 
the commercialization of the NisAl base materials. The ORNL is now producing a wide 
spectra of NisAl alloys (as mentioned in the previous section) in order to meet different 
industrial requirements. The base composition developed in ORNL is IC50, which is used as 
the master alloy from which the other compositions are derived by suitable and proportionate 


JIT 







Chapter 2 : Literature 


76 


alloying additions. Therefore, it appears to be the right moment to carry out a comprehensive 
study on the cold rolling and annealing behaviour of IC50. the key composition for all the 
specialized Nis A1 alloys. With this view, the present investigation has been aimed at studyino- 
the textural and microstructural changes, as well as changes in order during cold rolling 
and subsequent annealing. Attempts have also been made to study the recrystallization 
kinetics and the energy release during annealing. Finally, the results obtained from various 
experimental observations have been correlated and discussed. 
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3.1 Alloy Preparation 

A hypostoichiometric alloy was selected for the present investigation. The composition of the 
alloy was Ni-21.8Al-0.lB-0.34Zr (in atomic percent). The Oak Ridge National Laboratory, 
USA designated this composition as IC50 [128]. 

The alloy melt was prepared by arc melting with non-consumable tungsten electrode. 
It was then directly cast into sheet form of initial thickness 0.97 mm (average). The cast 
sheet was then cut into small plates of nearly 10 mm width and 50 mm length, and sub- 
sequently sealed in quartz capsules in high vacuum (~ 10““* Pa). The encapsulated plates 
were then subjected to homogenization annealing at 1150°C for 24 hrs to produce a two 
phase microstructure in which the 7 (disordered Ni-base FCC phase) islands were randomly 
distributed over the 7/ (ordered LI2 phase) grains. The initial grain size was 40 - 45 //m 
and the volume fraction of second phase was about 25%. This homogenized alloy was the 
starting material for the subsequent cold rolling and annealing experiments. 

3.2 Cold Rolling 

The edges of the homogenized plates were smoothened by grinding. These plates were then 
subjected to cold rolling at room temperature in a two-high laboratory rolling mill. The 
diameter of the rolls was 150 mm and the thickness reduction was 2 - 3% at each pass. No 
edge cracking was detected upto nearly 55% reduction. Although cracks started appearing 
after 60% reduction, these were not very significant even upto 73% reduction. After 73% 
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reduction, the material was so thin (< 0.27 mm), that no further effective deformation could 
be given. A few other sheets were rolled to different degrees of reduction, namely, 15%, 25% 
35%, 45%, 55% and 65%. Thus a range of rolling reductions from 15% to 73% was obtained. 
In order to reduce friction, lubricating oil was used during cold rolling. 

3.3 Annealing 

The 73% rolled material was chosen for the study of recrystallization characteristics and 
kinetics. For this purpose, small pieces of rolled sheets, with average dimensions 5mm x 
8mm, were vacuum sealed (~ lO""* Pa) for environmental protection and subjected to heat 
treatment in a horizontal tube furnace. The temperature controller attached to the furnace 
was capable of maintaining the temperature within a range'of ±2°C. 

3.3.1 Isochronal Annealing 

Initially, one set of 73% rolled samples was subjected to isochronal annealing for 1 hr at 
temperatures ranging from 500° to 1200°C. with an interval of 100°C. X-ray diffraction 
(XRD) and optical microscopic characterizations were carried out on these specimens in 
order to have an overall idea on the annealing behaviour of the deformed alloy as a function 
of annealing temperature. 

3.3.2 Isothermal Annealing 

In the next stage, a number of 73% rolled samples were given isothermal recrystallization 
anneal for time durations ranging from 1 min to 150 hr (depending on the annealing tem- 
perature). Temperatures selected for this purpose were 800°, 900°, 1000°, 1100° and 1200°C. 
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3.4 Microstructural Characterization 

After cold rolling and annealing treatments, the microstructures of the experimental speci- 
mens were characterized using optical microscopy, scanning electron microscopy (SEM) and 
transmission electron microscopy (TEM). 

3.4.1 Optical Microscopy 

All the samples, namely, cast, homogenized, cold rolled and annealed specimens (both 
isochronally and isothermally annealed) were cold mounted, with the aim to study their 
longitudinal surfaces. These were then subjected to metallographic polishing followed by 
chemical etching. The etching reagent used was alcoholic ferric chloride with the following 
composition: 

Anhydrous Ferric Chloride - 5 gm 

Concentrated HCl - 2 ml 

Ethanol - 96 ml 

Microstructures of the etched samples were observed in a LEITZ Optical Microscope 
with camera attachment and photographs were taken from the surfaces of all the samples. 
To study the recrystallization kinetics, a number of photomicrographs were taken randomly 
from each of the isothermally recrystallized specimens. The recrystallized volume fractions 
were measured by two dimensional systematic point counting. About 20 - 25 areas were 
examined for each sample using a 21 x 21 square grid. 

3.4.2 Scanning Electron Microscopy (SEM) 

The mounted samples used for optical microscopy were also studied in a SEM. The chemical 
etching in this case was made a little darker. The instrument used was a JSM 840A JEOL 
SEM with ED AX facility for elemental analysis. The accleration voltage used for observing 
the microstructures was 15 k\l EDAX analysis was done at a few selected spots on a few 
specimens, using a working distance of 37 mm and acceleration voltage of 12 kV. 
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3.4.3 Transmission Electron Microscopy (TEM) 

A number of rolled and annealed samples were selected for TEM study. For this purpose 

specimens of dimensions approximately 13 mm x 7 mm were first mechanically thinned down 

to 0.05 mm by manual grinding on emery papers. Discs of 3 mm diameter were punched 

out of the thin sheets which were then electrolytically thinned in a FISHIONE Twin Jet 

Polisher. The conditions used were 

Electrolyte - 10% Perchloric acid in 90% butanol (by volume) 

Temperature - +10° to +12°C 

Voltage - 50 V. 

TEM studies were carried out on the rolling plane sections at 160 k\' (acceleration voltage) 
in a JEM 2000FXII JEOL Transmission Electron Microscope. 

3.5 Microhardness Measurements 

Hardness measurement was carried out on the longitudinal sections of the specimens, i.e., 
on the same sections from which optical micrographs were also taken. It was not possible 
to measure the bulk hardness due to the extremely small area of the longitudinal sections of 
the samples. Therefore, microhardness values were measured on all the mounted and etched 
samples using a LEITZ Microhardness tester. The dimensions of the indentations (i.e. the 
diagonals of the square shaped indentations) were directly measured using a micron scale 
attached to the microscope, and the corresponding Mcker’s Hardness values were readily 
obtained from the standard tables. The microhardness values were recorded randomly from 
the longitudinal surface of each of the samples, without considering any particular phase. At 
least 20 - 25 indentations were recorded for each sample in order to determine the average 
microhardness of that sample. 
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3.6 X-ray Diffraction Study 


X-ray diffraction was carried out on each of the deformed as well as annealed samples for 

• eliciting structural information, 

• measuring the long range order parameter and 

• measuring the strain parameter. 

X-ray diffraction patterns were taken from the polished and thoroughly cleaned rolling sur- 
face of each specimen. 

All the XRD patterns were taken in a SEIFERT ISO-DEBYEFLEX 2002 X-ray 
Diffractometer with copper target. The diffraction intensity profiles were recorded on a strip 
chart recorder. At the beginning, a few samples were subjected to rapid scanning within a 
range of 20° - 150°. After the peak positions were located, slow scanning was made for all 
the samples to measure correctly the 26 values for the corresponding peaks. The conditions 
used were as follows; 


Rapid Scanning 

Voltage 

Current 

Scanning Speed 
Chart Speed 
Time Constant 
Counts per min 

30 kV 

20mA 

1.2°/min (in 29) 

1.2 cm/min 

10 sec 

10 K 

Slow Scanning 

Voltage 

30 kV 


Current 

20mA 


Scanning Speed 

0.3°/min (in 29 ) . 


Chart Speed 

0.6 cm/min 


Time Constant 

10 sec 


Counts per min 

Varied according to the peak heights 


In order to avoid the instrumental error, the machine was initially calibrated with a standard 
silicon single crystal specimen. Finally, the corrected values of 29 were taken for the precise 
lattice parameter measurements using the Nelson - Riley extrapolation technique. 
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3.6.1 Long Range Order Parameter (S) 

The long range order parameter (S) was measured from the integrated intensity ratios of the 
(100)/(200) and (110)/(220) pairs of reflections. The following relationship was used for the 
calculation of S [16]: 

c2 _ .g {^AlfAi+-^NifNi)‘^ {^p)f 

~ If ' Um-fAiY P'l) 

where, 

I is the measured integrated intensity, 

Xai and are the atomic fractions of A1 and Ni respectively, 

fAi and /ivi are the atomic scattering factors for A1 and Ni respectively 

Zp is the Lorentz-Polarization factor 

is the Debye-Waller temperature factor, 

and the subscripts s and f refer to the superlattice and fundamental peaks re- 
spectively. 

Among all the parameters mentioned above, atomic fractions of Ni and A1 for the experimen- 
tal alloy were already known. The atomic scattering factors and Lorentz polarization factors 
for corresponding peak angles were readily obtained from the standard charts available in 
literature [129]. The Debye-Waller temperature factor practically was of little significance 
because all the diffraction runs were taken at room temperature. The integrated intensity 
values were directly obtained from the X-ray intensity profiles by measuring the areas under 
the peaks with the aid of 1 mm square grid tracing paper. 

3.6.2 Strain Parameter 

When a polycrystalline material is subjected to deformation, a broadening effect in the X- 
ray diffraction peaks can readily be observed [7]. Since the strain induced in the material is 
responsible for this effect, the changes in peak width dimensions can provide a quantitative 
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estimation of the strain in the material. The amount of strain can be estimated from a strain 
parameter which can be defined as a ratio, BrjBo, where B^ is the half intensity width of 
an XRD line in case of the deformed material and Bo is the width of the same line for the 
undeformed (initial) material. The half intensity width values were taken from two specific 
XRD lines, namely, the (111) and the (200). 

In case of an annealed sample, the strain parameter can be defined as a ratio, R/B^, 
where B is the half intensity width of a particular X-ray peak in the annealed material and 
Br is the half intensity width of the same peak in the initial deformed condition. For the 
annealed materials, the half intensity widths were measured only from the respective (111) 
peaks. 

3.7 Measurement and Representation of Texture 

It has already been mentioned earlier (in section 2.9 of chapter 2) that the crystallographic 
texture of a rolled polycrystalline sheet metal can be represented as being of the type 
{hkl} < uvw >, where {hkl} set of planes of the crystals are parallel to the rolling plane 
and < uvw > set of directions are along the rolling direction. Usually the texture of a par- 
ticular specimen may consist of a number of components. Texture data from a specimen 
are generally represented with the help of pole figures [130]. A pole figure actually contains 
all the information regarding the texture components of a particular material. However, 
the information given by pole figures is qualitative or at best semiquantitative in nature. A 
much more comprehensive and quantitative description of texture can be given with the aid 
of Orientation Distribution Function (ODF) technique. 

An ODF actually describes the frequency of occurrence of orientations in the three di- 
mensional (Euler) orientation space. The Euler space can be defined by three Euler angles 
(j)i, (j) and (b 2 . These angles constitute a set of three consecutive rotations which transform the 
sample frame S to cp,'stallite frame C, as shown in the Figure 3.1 [131]. From the Figure, it 
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is readily understood that a particular texture component {hkl} < uvw > can be completely 
represented by a point cj), ^ 2 ) in the Euler space. Quite naturally, each component of 
texture has a distinct position in the orientation space. As a result, a quantitative analysis of 
texture is possible, with a much better resolution. Figure 3.2 shows the schematic diagram of 
the Euler space [132]. Mathematical methods are available for calculating ODF from several 
experimentally determined pole figures. The most widely accepted methods are those pro- 
posed independently by Bunge [133] and Roe [134], who used generalized spherical harmonic 
functions to represent the orientation distributions. A thorough mathematical treatment of 
the ODF can be found in the texts by Bunge [135, 136]. The Bunge notation [133] is the 
more common and this has been used throughout in the present investigation. For the cubic 
crystal symmetry, the orientation space is defined by three orthogonal axes (/ii, (p and 02 » 
each ranging from 0® to 90°. This total volume is divided into three basic ranges in which 
each orientation appears only once. The value of the orientation density at each point is the 
intensiry of that orientation in multiples of the random. 

The maxima of the pole density variations can be described as single peaks or fibres [137]. 
In case of peak type texture, the maxima can be described by assuming a crystallographic 
plane (hkl) perpendicular to the normal direction ND and a crystallographic zone axis [uvw] 
parallel to the roiling direction RD. The fibre types are defined by an orientation rotated 
around a given axis with the intensity along the fibre being constant. In FCC materials, 
there are three important fibres [138] which run through almost all the important rolling 
texture components. Figure 3.3 illustrates the positions of main rolling texture components 
of FCC materials in Euler space, and Figure 3.4 indicates their positions in the corresponding 
02 sections [138]. Any change in intensity or the peak positions can be readily detected in a 
quantitative manner, when the intensity variations are plotted as a function of orientation 
angle in two dimensional coordinates. 
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a 


and (Normal 
T ' Direction) 



3 . 



TD 


(T ransverse 
Direction) 


RD 

(Rolling Direction) 


Specimen Frame 



Crystallite Frame 



Definition of the Euler angles 0, v? 2 . 


1. A first rotation around the normal direction ND transforming the transverse direction TD and the 
rolling direction RD into the new directions TD' and RD', respectively. has to have such a value that 
RD' will be perpendicular to the plane formed by ND and [001]. 

2. A second rotation <p around the new direction RD' with <p having such a value that ND is transformed 
into [001] (= ND') (and TD' into TD"). 

3. A third rotation around [001] (= NDO with v ?2 having such a value that RD' is transformed into 
[100] (and TD" into [010]). 


Figure 3.1 Schematic representation of three Euler angles < 2 »i, (f), 62 ; (a) sample frame S 
and crystallite frame C, (b) Transformation of sample frame into crystallite frame [131] 
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Figure 3.3 Schematic presentation of the FCC rolling texture in the 
first subspace of three dimensional Euler angle space [138] 
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In the present investigation, all the cold rolled samples and a few selected annealed 
samples were used for texture analysis. For this purpose, 10 mm x 18 mm rectangular 
specimens were prepared by carefully polishing a surface at a depth of one quarter thickness 
from any of the free surfaces. These samples were then subjected to X-ray diffraction using 
Cuyt„ radiation in a fully computerized texture analysing equipment. An advanced software 
package analysed the diffracted intensity and generated the pole figures as well as the three 
dimensional ODF plots. Intensity variations of the texture fibres were directly obtained from 
the numerical data charts, which were then used to draw the line diagrams of different fibres. 

3.8 Differential Scanning Calorimetry (DSC) 

The amount of heat energj^ released during annealing of cold deformed samples was measured 
by using a Differential Scanning Calorimeter (DSC). When a specimen and a reference 
material are heated in a DSC at a known heating rate, the heat inputs to the specimen 
and the reference remain almost the same unless a heat related transformation takes place 
in the specimen. The rate of heat input to the specimen relative to the reference is directly 
related to the amount of transformation in the specimen. 

In the present case, the reference used was well annealed platinum (i.e. a material 
which is not supposed to undergo any transformation when heated). The weights of the 
rolled experimental samples were chosen in such a manner that the heat capacities could 
be approximately the same for all the samples. The DSC operation was carried out in 
a STANTON REDCROFT 1500 DSC equipment.' Same thermal environment was 
maintained for the reference as well as the specimen. High purity argon gas was passed 
through the DSC ceil to prevent oxidation of the material. For all the rolled samples, a 
heating rate 20°C/min was used. The output, heat evolution per unit time (mcai/sec). was 
recorded as a function of temperature. 
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4.1 Microstructure 

4.1.1 Starting Material 

The starting material, as stated earlier, was a piece of continuously cast sheet of about 1 
mm thickness. This was then cut into small pieces and sealed into quartz capsules in high 
vacuum (~ 10"'^ Pa). The encapsulated pieces were subjected to homogenization annealing 
at 116()°C for 24 hrs. Figure 4.1a shows the microstructure of the cast material taken from 
the flat sheet surface. Figure 4.1b shows the micrograph of an area on the longitudinal 
surface of the cast sheet, indicating typical dendritic characteristics of the cast structure. 

Homogenization annealing led to the development of well delineated grains; almost every 
one of them shows the presence of a second phase inside (Figure 4.2a). A magnified micro- 
graph ( Figure 4.2b) clearly shows the dispersion of second phase islands within large grains. 
The existence of a second phase is supported by the Nickel- Aluminium binary phase diagram 
[6], as the particular composition used in this study lies within the 7/ -f- 7 two phase region. 
The compositions of the two phases, as given by EDAX analysis, are indicated in Table 4.1. 

Table 4.1 Compositions of the Two Phases (atomic percent) 


The above table shows that the matrix phase can be described as the ordered NisAI (7/) 


Phases 

Al 

Ni 


Matrix Phase 

23.7 

75.48 

0.83 

Second Phase 

16.49 

83.22 

0.29 


* Boron content was not determined 
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200/im 

Figure 4.1a Optical micrograph of cast Ni 3 Al(B,Zr) (flat sheet surface) 



20/rm 

Figure 4.1b Optical micrograph of cast Ni 3 Ai(B,Zr) (longitudinal surface) 
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Figure 4.2a Optical micrograph of homogenized Ni 3 Al(B,Zr) alloy (sheet plane) 



20/im 

Figure 4.2b Optical micrograph of homogenized Ni 3 Al(B,Zr) alloy (longitudinal plane) 
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while the second phase is basically a disordered Ni-rich solid solution (7). The Zr preferen- 
tially partitioned into the 7/ phase. The average size of the 7/ grains is 40 - 50 pm and the 
volume fraction of the 7 phase is around 25%. 

Transmission electron microscopy of the thin foils made from the homogenized mate- 
rial, sometimes showed fine particles inside what could presumably be the 7 regions. The 
SAD pattern taken from such regions invariably showed the presence of weak superlattice 
spots along with the fundamental reflections - typical of an ordered structure (Figure 4.3). 
It therefore appears quite likely that the particles inside the 7 islands are of 7/. These 
observations agree well with those of Ball et al [125]. 

4.1.2 Cold Rolled Material 

4. 1 . 2.1 Optical and Scanning Electron Micrographs 

Gradual changes in microstructure were observed when the homogenized alloy was cold 
rolled at stages to a maximum level of 73S1 (Figures 4.4a to 4.4h). The material could 
not be rolled further due to the sheet becoming extremely thin which could not be reduced 
further in the rolling mill. All the optical and scanning electron micrographs were taken 
from the longitudinal section. 

No significant changes from the homogenized microstructure could be observed after 15% 
rolling (Figure 4.4a); however, after 25% deformation (Figure 4.4b) many of the 7 islands 
appeared to be somewhat elongated along the rolling direcion. At the same time, these were 
found to be arranged in a number of parallel rows (possibly deformation bands) which were , 
inclined to the rolling direction at an angle of nearly 60°. A few regions could also be seen 
where the second phase islands were still showing a random arrangement. This trend was | 
more prominently visible after 35% deformation (Figure 4.4c). The 7 being the softer of the 1 
two phases, it is likely to deform more easily, elongating itself along the rolling direction. | 

After 45% cold reduction, the microstructure showed a drastic change (Figure 4.4d). The i 
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Figure 4.3 SAD pattern taken from the thin foil of homogenized alloy 
shows superlattice spots along with the fundamental spots 
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Figure 4.4a Optical micrograph of 15% cold rolled material 



40/xm 

Figtire 4.4b Optical micrograph of 25% cold rolled material 
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Figure 4.4c Optical micrograph of 35% cold rolled material 



40/im 

Figure 4.4d Optical micrograph of 45% cold rolled material 
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Figure 4.4h Optical micrograph of 73% cold rolled material 
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arrangement of 7 phase islands in rows elongated along the rolling direction was no longer 
discernible, rather they appp eared to be distributed in a more or less random fashion in the 
7/ matrix. This could possibly be due to the formation of a large number of shear bands 
at this stage, as shown in a low magnification micrograph of the same sample (Figure 4.4e). 
The density of shear bands steadily increased with increasing rolling reductions (Figures 4.4f 
to 4.4h). The 7 phase islands were observed to gradually realign themselves within the shear 
bands. Well developed shear bands at this stage were observed to be inclined to the rolling 
direction at an angle of nearly 30° - 35°. Although in the initial stages of cold rolling the 
distribution of the 7 islands in 7/ could be clearly identified in optical micrographs, it became 
quite difficult at later stages because of the incidence of a high density of shear bands. A 
much clearer idea about the 7 distribution pattern could be had from the scanning electron 
micrographs (SEM) presented in Figures 4.5a to 4.5d. 

4. 1.2.2 Transmission Electron Micrographs 

In order to obtain more detailed structural information from the cold rolled alloy, thin foils 
from a number of selected samples were examined using a transmission electron microscope. 
The examination was conducted on the rolling plane sections. 

TEM micrographs of the deformed samples exhibit the usual cell structure at lower 
reduction levels. This is shown typically in Figure 4.6a for the 35% rolled sample. The 
SAD pattern from this area and corresponding indexed spots are shown in Figures 4.6b and 
4.6c respectively. These indicate an ordered FCC (LI2) crystal structure, featuring both the 
{100} and {110} superlattice reflections. Sometimes, specially near the 7/ grain boundaries, ; 
twin traces could also be observed (Figure 4.7a). Another such twinned region is shown in I 
Figure 4.7b. I 

Cellular microstructure was also observed from the 45% cold rolled material (Figure 4.8a); 1 

its SAD indicating again a fully ordered LI2 7^ phase (Figure 4.8b). At this stage, features 
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20yLtm 

Figure 4.5a SEM micrograph of homogenized material 



10/xm 

Figure 4.5b SEM micrograph of 45% rolled material 
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lO^m 

Figure 4.5c SEIM micrograph of 65% rolled material 



40^m 

Figure 4.5d SEM micrograph of 73% rolled material 
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Figure 4.8a TEM micrograph of 45% rolled material 



Figure 4.8b Corresponding SAD pattern of the above area 
indicating ordered LI 2 structure 
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showing microbands (Figure 4.9a), twins (Figure 4.9b) and shear bands (Figure 4.9c) could 
also be seen. 

The density of twins increased as the amount of cold deformation increased. This is 
shown clearly in the TEM microstructures of the 65% and 73% rolled materials (Figures 
4.10a and 4.10b). The SAD pattern from the area in Figure 4.10b and the corresponding 
indexed spots are presented in Figures 4.10c and 4.10d respectively. The presence of extra 
reflection spots (other than the fundamental and superlattice spots) with fractional indices 
indicates that these are twin spots [139]. The twin plane here has been identified as (111 )li 2. 
Pashley and Stowell [140] also noticed in their work on gold film the presence of weak \{‘^22] 
twin reflections which generally arise from the boundaries between the two twin orientations. 

Although thin foils from the 73% deformed samples were found to contain twins in most 
places, isolated untwinned regions could also be observed in them. An example is shown in 
Figure 4.11a which features a cellular substructure. The superlattice spots were practically 
absent in the corresponding SAD pattern (Figure 4.11b). This indicates that this could 
probably be a disordered 7 region. Similar cell-like regions were also found close to the 
heavily twinned regions after 65% deformation (Figure 4.12a). The SAD pattern taken from 
the central untwinned region A shows only faint superlattice spots (Figure 4.12b). On the 
other hand, the superlattice spots are relatively more intense in the SAD taken from a 
twinned region B (Figure 4.12c). Presumably, region A is most probably 7 with some 7/ 
dispersed in it. Probable 7 regions could also be observed in the 35% roiled material. Figure 
4.13a shows a highly dislocated area in the material whose SAD pattern practically does not 
show any superlattice spot (Figure 4.13b). The indexed spots in the pattern (Figure 4.13c) 
indicate that the beam direction is [310]. 
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Figure 4.10c SAD pattern of the area shown in Figure 4.10b 
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Figure 4.10d Indexing of the SAD pattern shown in Figure 4.10c 
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Figure 4.12b SAD pattern taken from the region A in Figure 4.12a 



Figure 4.12c SAD pattern taken from the region B in Figure 4.12a 
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4.2 X-ray Diffraction Analyses 

4.2.1 X-ray Line Profiles 

4.2. 1.1 Starting Material 

Figure 4.14 displays the X-ray diffraction profiles for the initial material in the as cast as 
well as different heat treated conditions. The diffraction pattern for the cast material shows, 
amongst the fundamental lines, just traces of (111) and (220) while the (200) peak is present 
with a strong intensity. Among the superlattice peaks, (100) and (102) can be distinguished 
whereas the (110) peak is totally absent. 

The XRD profile for the homogenized material shows the usual FCC peaks in their nor- 
mal positions, but their relative intensities deviate widely from the ideal values. The two 
fundamental peaks (111) and (220) have much smaller intensities while the (200) peak as- 
sumes an unusually high intensity value. Among the superlattice peaks, (100) is considerably 
strengthened as compared to that in the cast material. The (102) peak is also present in 
this profile, whereas the (110) is still absent. 

The X-ray diffraction pattern taken from filed powder of the homogenized sample clearly 
shows the fundamental peaks having relative intensities comparable to a normal FCC ma- 
terial with the highest intensity for the (111) peak. All the superlattice peaks are totally 
absent in this XRD profile. 

The filed powder was vacuum sealed and annealed at 1150°C for 15 min. The XRD 
profile of the annealed powder again shows traces of (100), (110) and (102) superlattice 
peaks, along with the well developed fundamental lines. 

Figure 4.15 shows a few selected peaks from the X-ray line profiles of the homogenized 
material, obtained by slow scanning. The existence of the 7 phase along with the 7/ can be 
clearly seen from the splitting of the fundamental lines, especially at higher 2 B values. The 
entire spectra of the XRD profiles were utilized to correctly measure the values of the lattice 
parameters of the two phases. The exact peak positions of the two phases along with their 
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Figure 4.15 A few selected peaks from the X-ray line profiles of the homogenized alloy 
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lattice parameter values are given in Table 4.2. 


Table 4.2 Peak positions and lattice parameters of 7 / and 7 phases 


XRD 

Ordered (NisAl) 

Disordered 7 

line 

profiles 

26 

(degree) 

d 

(A) 

-f / Imax 
(obsvd.) 

7 / ^max 
(theo.*) 

26 

(degree) 

d 

(A) 

^ / ^max 

(obsvd.) 

i ! ^rnax 

(theo.*) 

100 

24.95 

3.569 

9 

40 

~ 

- 

- 

— 

110 

- 

- 

- 

40 

- 

- 

- 

— 

111 

43.9 

2.062 

2 

100 

44.15 

2.051 

2.5 

100 

200 

51.2 

1.784 

100 

70 

51.39 

1.778 

100 

42 

210 

'57.7 

1.598 

1.2 

40 

~ 

- 

- 

— 

211 

- 

- 

- 

20 

- 

- 


- 

220 

75.14 

1.264 

2.2 

60 

75.38 

1.261 

3.3 

21 

311 

91.32 

1.078 

15 

60 

91.64 

1.075 

17 

20 

222 

- 

- 

- 

40 

- 

- 

- 

7 

400 

119.28 

0.893 

7 

20 

119.74 

0.891 

7 

4 

331 

- 

- 

- 

70 

- 

- 

- 

14 

420 

149.38 

0.799 

7.5 

70 

150.52 

0.797 

8.5 

15 

L.P. 

0.3574 nm 

0.3565 nm 


* From ASTM index cards; L.P. - Lattice Parameter 


4.2. 1.2 Cold Rolled Material 

X-ray line intensities recorded for all the cold rolled specimens are shown in Figure 4.16. 
The XRD profile for the 25% rolled material shows all the lines as are present in the profile 
of the homogenized material. However, amongst the fundamental peaks, the (111) is much 
stronger and the (200) weaker in the former as compared to the latter. The ( 220 ) peak 
intensity increases and it shifts a little towards higher 29. Among the superlattice peaks, 
the ( 100 ) intensity decreases considerably and it also drifts towards lower 26: the ( 102 ) line 
becomes marginally weaker. 

After 35 % rolling, the ( 100 ) peak disappears completely, whereas a tiny kink can be 
observed at the (110) location. This indicates the early stage of appearance of the ( 110 ) 
peak. The ( 220 ) peak gets substantially strengthened at this level, whereas the ( 200 ) peak 
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Figure 4.16 X-ray diffraction profiles of the Ni3Al(B,Zr) alloy 
rolled at different strain levels 
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intensity declines perceptibly. The intensity of the (111) peak is maintained at nearly the 
previous level. 

The XRD profile from the 45% rolled sample, can be characterized by a distinct (110) 
and a highly intense (220) peak. The intensities of the other lines are maintained at nearly 
the previous level. This trend is maintained in all the subsequent XRD profiles for samples 
rolled upto the 73% level. The salient features of the XRD profiles can be summarized as 
follows: 

• Initially the (100) and (200) peaks have exceptionally high intensity values, but the 
(200) intensity is reduced significantly whereas the (100) peak completely disappears 
after only 35% rolling reduction. 

• Initially there is no (110) peak and the (220) peak is also considerably weak. The (110) 
appears only after 45% rolling reduction and the (220) peak gradually intensifies with 
increase in the deformation level. 

• The (111) peak is very weak in the homogenized sample, but it intensifies to some 
extent after deformation. 

• The whole set of the XRD profiles clearly indicates that the (100)/(200) reflection 
pair dominates in the homogenized material as well as in the very early stages of 
deformation. By contrast, the (110)/(220) pair becomes stronger at later stages. This 
significant changeover takes place at around 35% deformation level. 

4.2.2 Order Parameter 

Cold rolling usually gives rise to strong textural effects which may alter the relative intensities 
of rhe X-ray diffraction lines. Considering this point, all the order parameter measurements 
were carried out from the two sets of parallel reflections, (100)/(200) and (110)/(220). Since 
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Figure 4.18 XRD line profiles at different degrees of cold reduction 
showing (110) and (220) reflections 
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th6 tsxturs.! offsets will be the ssme on. both the plnnes of the two peirs, measurenients of 
the order parameters from them are expected to be independent of texture. 

The (100)7(200) and (110)/(220) reflection pairs from the homogenized and the cold 
rolled samples have been shown in Figures 4.17 and 4.18, respectively. For better clarity, 
these peaks were recorded by slow scanning (i.e. 0.3°/min in 26 ). Even then the peaks 
became significantly broadened owing to deformation and therefore it was extremely difficult 
to correctly identify the peaks of the two different phases such as 7/ and 7. The calculation 
of the order parameter value for the 7/ phase was not an easy task because of this. 

As stated earlier, the order parameter calculation based on the (100) / (200) and (110) /(220) 
reflection pairs involved the determination of integrated intensities of the relevant peaks, spe- 
cially of the 7/ phase. However, in practice, this was not so easy, specially in case of the (220) 
peak. The reason is that the (220).^/ peak was found to shift to higher 29 values, thereby 
eclipsing the (220)^ peak, making it difficult to distinguish the respective peaks for the two 
phases. 

In order to minimize the possible error as far as practicable, the integrated area of a 
7/ peak was taken as 2A, where A is the area of the line profile between the 26 vcilue 
corresponding to the peak height and the cut-off on the lower angle side (Figure 4.19). 
Although it may not be the best method of carrying out the measurements, it is practical 
and can be used with advantage, particularly for those situations where the two close peaks of 
7/ and 7 are at least distinctly identifiable. It is admitted though that it may not be always 
possible to avoid the (220).y peak completely while measuring the integrated intensity- of 
(220).^,. In addition to the closeness of the yz/y peaks, the situation is made all the more 
difficult due to the pronounced line broadening effect of cold rolling. 

The plot of order parameter (S) as function of rolling reduction is presented in Figure 
4.20. It is clear from this diagram that on the basis of the (100)/ (200) line pair the value of 
S is ~ 0.6 for the homogenized material. The value of S decreases to some extent after 25% 
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Figure 4.19 Scheme for determination of the integrated intensity of a 7/ XRD peak; 
(a) an isolated peak, (b) determination of 2A from 7/7/ combination 
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Figure 4.20 Variation of order parameter as a function of rolling deformation 
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deformation and becomes practically zero after 35% deformation. This is quite expected as 
the (100) X-ray line disappears completely at this deformation level. Beyond 35% rolling, 
the XRD patterns start showing the (110) superlattice line. The value of S calculated on 
the basis of the (110)/(220) pair is also plotted for higher rolling reductions in the same 
diagram. It is clear that S increases sharply and reaches a maximum value of ~ 0.55 after 
55% deformation and then decreases with further rolling reduction. 

4.2.3 Strain Parameter and Microhardness 

Figure 4.21 represents the strain parameter values measured from the (111) and (200) line 
profiles for all the deformed samples. As depicted in the Figure, the two plots show a sharp 
increase in the strain parameter values after 25% deformation. However, they then decrease 
to significantly lower levels after 35% deformation, followed by increase with increase in the 
deformation level. After 45% reduction, the slopes of the two plots decrease and remain 
almost constant upto 73% cold rolling. Apparently, both the plots exhibit more or less the 
same trend. 

The microhardness values for all the cold rolled samples along with that for the homog- 
enized material are shown in Figure 4.22. It is clear that the microhardness values shown 
here follow a trend similar to the strain parameter plots (figure 4.21), showing an initial rise, 
followed by a drop of hardness after around 45% rolling reduction. 

4.3 Cold Rolling Texture 

The {111} pole figure of the initial (homogenized) material is shown in Figure 4.23a. Al- 
though the maximum pole density is above the random value, no significant clustering of 
poles can be observed in the pole figure. The (j )2 sections of the corresponding ODF plot 
(Figure 4.23b) also do not indicate the presence of any prominent texture component in the 
material; however, rotated cube components can be seen in the section ^2 ~ 0 • 
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Figure 4.22 Variation of microhardness as a function of rolling deformation 
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The {111} pole figures of all the deformed materials are presented in Figures 4.24a to 
4.24f. The pole figure of the 25% rolled material shows the initial stages of the formation 
of pure metal or copper-type rolling texture. The pole figure becomes quite unsymmetrical 
after 35% cold rolling and its nature remains unchanged after 45% rolling. Although the pole 
densities of the 35% and 45% rolled samples show enhanced values compared to that for the 
25% rolled material, it is difficult to identify the prominent poles except the {011}< 100 >. 
The pole figure becomes symmetrical again after 55% rolling and remains similar after 65% 
deformation. However, the pole densities here are lower than in the previous case (i.e. 45% 
rolling}. Once again, the most prominent poles are the Goss {011}< 100 > and also the 
Bs {011}< 211 > component. Both these components appear to intensify after 73% cold 
rolling. The pole figure at this stage looks quite unsymmetrical once again. 

In order to have a much clearer idea of the development of deformation texture in this 
alloy as function of the amount of cold rolling, orientation distribution functions (ODF) 
were calculated from the pole figure data in a manner outlined in section 3.7 of chapter 3 
and these plots sections) are presented in Figures 4.25a to 4.25f. In the ODF of the 
25% rolled material (Figure 4.25a), the components Bs {011}< 211 >, Cu {112}< 111 >, 
Goss {011}< 100 > and S {123}< 634 > can be easily identified, indicating that a weak 
pure-metal or copper type roiling texture has already developed at this stage. 

After 35% cold rolling (Figure 4.25b) the ODF becomes nearly twice as sharp as the one 
from the 25% rolled material. In addition to a sharp Bs component, a prominent maxima 
appears a few degrees away from the Bs. The Cu and the Goss components are rather weak. 
Although the basic characteristics of the texture do not change, the general sharpness of the 
texture declines after 45% cold rolling, as evidenced from Figure 4.25c. 

The ODF obtained from the 55% rolled material (Figure 4.25d) is found to be significantly 
weaker compared to the previous one and looks very similar to the ODF of the 25% rolled 
material in both nature and intensity. Beyond this stage, the overall texture sharpens 
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Figure 4.25a ODF of 25% rolled material Figure 4.25b ODF of 35% rolled material 
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Figure 4.25c ODF of 45% rolled material Figure 4.25d ODF of 55% rolled material 
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Figure 4.25e ODF of 65% rolled material Figure 4.25f ODF of 73% rolled material 
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continuously with increasing deformation (Figures 4.25e and 4.25f), with the Bs component 
becoming the most prominent one. 

As has already been discussed earlier in Chapter 3 (section 3.7), the principal deformation 
texture components of FCC materials appear along certain fibres in the orientation space, 
namely, the Q', ,3 and r fibres [138]. In order to understand the development of these fibres 
with rolling deformation in a more quantitative manner, a useful exercise will be to study the 
intensity variations along the fibres. The plots of the magnitude of the orientation density 
f(g) along these fibres are presented in Figures 4.26 - 4.29. The salient features of these 
fibres are described as follows. 

/3-fibre : The /3-fibre starts from the Cu {112}< 111 > position, passes through the S 
{123}< 634 > orientation and finally terminates at the Bs {011}< 211 > location. Figure 
4.26 shows the 5-fibre plots for all the cold rolled samples which were drawn by plotting the 
maximum orientation density at each </>2 section against the corresponding value of ?> 2 - 

The general intensity levels of the /3-fibre at different rolling reductions closeh* follow 
the general sharpness of the corresponding ODFs. It is clear that the fibres do not develop 
continuously with increasing rolling deformation. A well developed /3-fibre forms after 35% 
deformation. The intensity remains almost constant till upto 45% deformation, followed by 
a decrement of the fibre intensity with deformation upto 55%. With further roiling upto 
65% the ^-fibre intensity generally improves again and strengthens considerably after 73% 
rolling. These results corroborate the qualitative findings made from a study of the ODFs 
themselves. Although the final texture shows a reasonably strong intensity in the Bs position, 
the maximum value of the /3-fibre occurs at a location between the Bs and the S, which is 
usually known as the Bs/S position {168}< 211 >. 

The exact course of the ^-fibre through the orientation space, as function of the degree of 
deformation, is shown in Figure 4.27 where the (f>i and ^ \-alues for each orientation maxima 
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occuring in different 4>2 sections have been plotted against d >2 = 45° - 90°. It is interesting 
to note that the course of the /?-fibre (Figure 4.27) also changes just as the general level of 
intensity of the fibre changes as a function of the amount of rolling deformation. After 35% 
deformation, the fibre shifts to lower ©i and lower (p values, and this nature was maintained 
upto 45% deformation. Beyond this level, however, the fibre starts shifting to higher values 
of 01 and 0 . Then again, after 73% reduction the fibre changes to lower 4>i values. 

a-fibre : The a-fibre runs from the Goss {011}< 100 > location through the Bs {011}< 
211 > and terminates at the rotated Goss {011}< Oil > position. The /3-fibre actually meets 
the a-fibre at the Bs position in the orientation space. The a-fibre is drawn by plotting the 
orientation density values f(g) against (pi in the (f )2 = 0° section when 4> = 45°. The a-fibre 
plots for all the rolled materials are shown in Figure 4.28. The variations of the intensities 
of the Goss {011}< 100 >, Bs/Goss {011}< 511 >, Bs {011}< 211 > and rotated Goss 
{01l}< Oil > orientations with degree of rolling deformations are obtained from this set of 
plots. The a-fibre for the 25% cold rolled material clearly indicates the presence of the Goss 
{011}< 100 > component, and the peak appears near about the Bs/Goss {011}< 511 > 
position. After 35% rolling, the Goss component weakens significantly. After 45% rolling, the 
Goss component reappears and gradually becomes intensified till 73% rolling. The rotated 
Goss {011}< oil > component is reasonably sharp after 65% rolling but then it drastically 
weakens after 73% reduction. The {011}< 111 > component emerges as the most prominent 
one for the 45% as well as the 65% rolled specimens, whereas the peak of a-fibre for the 73% 
rolled material appears somewhere between the Bs/Goss and Bs location. 

r-fibre : Starting from the {00l}< 110 >, the r-fibre runs through the Cu {112}< 111 > 
position and extends upto the Goss {011}< 100 > position. The a and ^ fibres meet the 
r-fibre at the Goss {011}< 100 > and the Cu {112}< 111 > positions respectively. In order 
to draw the r-fibre, the orientation density values f(g) are plotted against (i> when 4>2 = 45° 
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and 01 = 90°. The r-fibre plots for all the cold rolled materials are shown in Figure 4.29. 
The orientation maxima in all the plots are found to be located at the Cu (or more correctly, 
the Taylor {4 4 11}< 11 11 8 >) and the Goss position. The {001}< 110 > component has 
little significance for all the materials, except for the ones which are deformed by .35% and 
45% rolling reductions respectively. The 25% rolled specimen shows a peak at the Taylor 
position. Beyond 45% deformation, this peak appears to shift more towards the Cu side, 
and this continues upto 65% rolling w'hen the peak is exactly at the Cu position. How'ever, 
after 73% rolling, the peak again shifts tow-ards the Taylor location. 
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Figure 4.26 ,J-fibre (maximum intensity) plots of cold rolled Ni 3 Al(B.Zr) 
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Figure 4.28 cv-fibre plots of cold rolled Xi 3 Al(B,Zr) 
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Figure 4.29 r-fibre plots of cold rolled Ni 3 Al(B.Zr) 
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4.4 Discussion of Deformation Results 

4.4.1 Changes in Order and Structure of NisAl with Rolling 

The homogenized material cosists of two phases - the ordered 7 / (NisAl) and the Ni-rich 
disordered FCC 7 phase. There has been a partition of Zr among these two phases - Zr has 
preferentially gone into solution in the 7 / phase (Table 4 . 1 ). A comparison of the XRD line 
intensities for both the 7 / and 7 phases with the corresponding line intensities for NisAl and 
pure Ni respectively, as per the ASTM index files (Table 4 . 2 ), shows very significant and 
substantial differences. This can be explained as due to the presence of a strong solidification 
texture in both the 7 / and 7 phases. 

It is known that in FCC materials, during solidification, the dendritic arms are expected 
to grow preferentially in the < 100 > direction, the fastest growth direction [141]. Since for 
a continuously cast sheet material the direction of heat abstraction will be mainly along the 
perpendicular to the sheet plane, quite naturally, the { 200 } and other parallel planes will 
be arranged parallel to the sheet surface. This is going to, produce a strong intensity for the 
(200) line in the X-ray pattern, which appears to be the case for both 7 / (ordered FCC) and 
7 (disordered FCC) in the experimental material. Since the cast material was homogenized 
without any prior deformation, the high ( 200 ) intensity was retained after homogenization 
also. 

A fully ordered NisAl ( 7 /) phase is known to have the LI 2 structure, showing equal 
intensities of superlattice lines at both the (100) and (110) positions. Although the (220) 
line is present in the X-ray diffraction pattern of the homogenized material, its intensity 
is extremely low compared to that in the perfectly ordered NisAl, but the ( 110 ) line is 
practically absent. Again, the intensity of the (111) line, the strongest in ordered Is also 
quite low in the X-ray pattern of the experimental material. Similar differences are found to 
exist between the X-v&y line profiles of the pure 7 (Ni) phase and the corresponding phase 
in the experimental material. All these facts point to the strong possibility that the starting 
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homogenized material is highly textured. 

The X-ray diffraction profile from the filed powder, taken from the homogenized material, 
corresponds very well to that from FCC Ni (Figure 4.14 and Table 4.2). This pattern, 
therefore, essentially corresponds to that of a completely disordered FCC 7 phase, which 
also does not show any trace of texture. A heavy deformation, as is possible by filing, is 
known to destroy the order in NisAl intermetallics completely [18, 19]. Annealing of the filed 
powder seems to restore the order in 7/ phase (Figure 4.14). However, the significantly low 
intensities of the (100) and (110) superlattice lines indicate that full order has not yet been 
restored and this possibly needs a longer annealing treatment. 

The pattern of ordering in the experimental material (Figure 4.16) seems to undergo a 
drastic change upon cold rolling. After 35% rolling, the (100) superlattice line disappears 
while a small peak at the (110) superlattice position makes its first appearance. But for 
this small (110) peak, the X-ray pattern appears to correspond more or less with that of 
a disordered 7 phase. The (110) line becomes more intense after 45% deformation and it 
maintains its intensity till about 73% deformation. Thus a rolling reduction of 35% marks 
a sudden change in the nature of order in the 7/ phase. Not only does the order parameter 
Sioo/200 become zero at this stage (Figure 4.20), the values of the strain parameter and the 
hardness also exhibit a perceptible decrease (Figures 4.21 and 4.22). Transmission electron 
microstructures start showing the incidence of twinning after 35% rolling (Figure 4.7a), 
indicating that twins also become an important mode of deformation at this stage, in addition 
to slip. 

None of the above changes can be attributed to any change occurring in the 7 phase. 
The 7 is not an ordered phase, hence no question of change in order in the 7 phase arises. 
Moreover, disordered 7 (Ni) is known to deform by octahedral slip only during rolling. Hence, 
most of the changes noticed after 35% rolling must be related to changes occuring in the j/ 
phase. 
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Ordered NisAl with the LI2 structure is known to deform by slip only without any twin- 
ning. The observation of twinning in the microstructure after such a low level of deformation 
of 35% could point to the possibility of a change from LI2 to some other structure of 7/ where 
twinning may be a possible additional mode of deformation. Ramesh et al [16] observed that 
the LI2 structure of NisAl may not be very stable at high temperatures. They found that 
annealing of filed powders of a Ni76Al24 alloy produced changes in the relative intensities of 
the {200} and {220} peaks as a function of the temperature of annealing. They observed 
splitting of the {200} peaks in their well annealed samples, from which they concluded that 
above 1000°C the LI2 structure of NisAl transformed to DO22 with a c/a ratio of 2.015. 

The possibility of obtaining the DO22 structure from the LI2 was considered by several 
researchers. It has been suggested by Sato and Toth [142], Beattie [143] and Yamaguchi et 
al [17] that the DO22 structure can be derived from the LI2 by introducing |[110] APB on 
every {001} plane of LI2. Unlike LR, the DO22 phase deforms by twinning instead of slip 
[144, 145]. The formation of twins in the experimental material after 35% rolling and the 
gradual increment of the twin density as deformation progresses may be indicative of the 
transformation of LI2 structure to DO22 followed by the growth of the latter phase. The 
sharp decrease of the strain parameter at this stage could indicate release of strain energy 
to accommodate the transformation (Figure 4.21). Again the drop in hardness indicates 
softening which could be induced by some phase transformation (Figure 4.22). 

Ball and Gottstein [24] were the first to report the effect of cold rolling on the structural 
and textural changes in a polycrystalline Ni3Al(B) single-phase alloy. They did not observe 
any twins in their TEM microstructures taken from thin foils of the 70% cold rolled material. 
On the other hand, Ghosh Chowdhury et al [50] observed copious twins when a similar 
alloy was cold rolled to 85%. They attributed this twinning phenomenon to a structural 
transformation from LI2 to DO22 Ni3Al(B) between 45% and 65% cold rolling. They also 
pointed out that if an ordered tetragonal structure (DO22) (Figure 4.30) is assumed for 
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Figure 4.30 D 022' (ordered tetragonal) structure of NiaAl 
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NisAI, the respective atom positions will be: 


Al: 000, iii; 

Ni: iOi, |0|, 0i|,0i|,00|. 


Therefore, the structure factor F will be given by: 


F = fAi[l + 6 ^^^^+"=+'^] + 


(4.1) 


By putting appropriate values of hkl in the above expression, it can be easily seen that for 
(100) plane the value of F will be zero, indicating that the (100) line will be totally absent in 
the XRD pattern for this structure. On the other hand F will have a finite value for (110). 

Figure 2.11 depicts the effect of the degree of cold work on the order parameter (S) for the 
single phase Ni 3 Al(B) alloy studied by Ghosh Chowdhury et al [25]. It can be seen here that 
Sioo /200 progressively decreases with cold work and becomes zero after 65% deformation. On 
the other hand, Sno /220 value is observed to decrease gradually and it attains a value of 0.4 
after 65% cold rolling; this remains nearly constant till after 90% cold ro llin g. On the basis 
of the above. Ghosh Chowdhury et al [25] strong!}- suggested a structural transformation in 
their Ni 3 Al(B) taking place between 45% and 65% cold rolling. 

A direct comparison between the results obtained by Ghosh Chowdhury et al [25] and 
the results of the present investigation is not possible because of the following factors: 


• The alloy used by Ghosh Chowdhury et al, was single phase Ni 3 Al(B) whereas the 
present experimental alloy contains both the Ni 3 Al(B) 7 / as well as the disordered 
Ni-base 7 solid solution. 


• The starting material used by Ghosh Chowdhury et al was a cold forged and sub- 
sequently homogenized material, which was more or less texture-free. By contrast, 
the experimental material in the pi'esent im^estigation has an initial texture. Thus 
the starting material for Ghosh Chowdhury et al was having a reasonably perfect LI 2 
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structure showing both the (100) and (110) superlattice peaks, whereas the present 
experimental material, right from the beginning, has a texture and does not show the 
(110) superlattice line at all. These differences will be quite evident from Figure 4.31. 

It is felt that the disappearance of the (100) superlattice line from the XRD pattern can- 
not be the only significant condition to conclude about a possible structural transformation 
from LI 2 to D022. The following Table (Table 4.3) shows a comparison of the theoretical rel- 
ative intensities of the first few lines for the LI 2 , DO 22 and disordered FCC structures which 
were calculated [146] by using the appropriate multiplicity factor (p), Lorentz-polarization 
factor (Lp) and structure factors (F). It is clear from this Table that even if there is a 
structural transformation from LI 2 to DO 22 the (002) line of the DO 22 should appear quite 
close to the position of the (100) line in the LI 2 structure. In fact, Ramesh et al [16], from 
their annealing experiments on powdered NisAl clearly observed a splitting of the (IOO)lij 
peak, indicating the coexistence of the ( 002 )do 22 peak that suggested the beginning of such 
a transformation. In their work, Ghosh Chowdhury et al [25] did not elaborate on this point. 
Neither could the (002 )do 22 P®3,k be observed in the usual XRD patterns in the present case. 
It must be pointed out, however, that it could be quite difficult to identify such a weak line 
from XRD patterns taken from sheet samples with strong textures present. 


Table 4.3 Theoretical relative intensities of the XRD lines of LI2, DO22 


and 7 phases 


20 

(degree) 

LI 2 

DO 

22 

FCC 

hkl 

I / 1 max 

hkl 

I / -^max 

hkl 

^ j Imax 


100 

16 

002 

3 

100 

0 


no 

16 

110,102 

7 . 5 * 

no 

0 

~43'’ 

111 

100 

112 

100 

111 

100 

~51° 

200 

90 

004,200 

48* 

200 

50 

~75° 

220 

55 

220,204 

2T 

220 

25 


* Total of the combined I/Imai values from the two sets of planes 
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Figure 4.31 Comparison of the XRD profiles of the two homogenized alloys, 

Ni 3 Al(B) [25] and Ni 3 Al(B,Zr) 
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Nevertheless, an attempt was made to investigate this aspect a little further. Using a 
slow scanning speed of O.SVmin in 29, the (110), (111), (200) and (220) XRD line profiles 
were measured from the 35 /o, 45% and 55% rolled samples. These are shown in Figure 4 32 
where the split peaks have been properly identified and indicated. It is clearly observed in 
this diagram that upto 35% rolling reduction the fundamental peaks of the 7/ phase do not 
show any splitting. The splitting effect was observed from 45% rolling onwards and was more 
clearly visible after 55% rolling. Beyond 55% deformation, pronounced line broadening effect 
made it difficult to detect any splitting of the XRD lines. As an illustration, the relative 
X-ray intensities of the different lines for the 45% cold rolled sample as well as the theoretical 
intensities of the corresponding lines of the DO22 structure are given in Table 4.4 below and 
the two sets of data compared. 


Table 4.4 X-ray intensities of the different lines for 45% cold rolled sample 


29 

(degree) 

hkl planes 
in LI 2 

Equivalent hkl 
in DO 22 

Theoretical 

I / 1 max 

Experimental 
d / dmax 

Peak 

shape 

~ 35° 

no 

on 

2.5 

10 

split 

-43° 

111 

112 

100 

12 

split 

- 51° 

200 

004 

16 

30 

split 

- 75° 

220 

204 

18 

100 

Broadened, 
no splitting 


The perceptible splitting of the XRD lines for the 7/ phase indicates the possibility of 
another structure coexisting with the LI2. On the basis of the identified extra peak positions, 
other than those for the 7/ and the 7, a new tetragonal structure could be visuahzed with 
a c/a ratio of 2.004. This value is quite close to the c/a ratios of 2.015 and 2.01 calculated 
by Rainesh et al [16] and Ghosh Chowdhury et al [25] respectively for their transformed 
DO 22 structures. The discrepancy of the experimental 1 /lmax values with the corresponding 
theoretical I/Imai values of the DO 22 structure (Table 4.4) could be attributed to the strong 
crystallographic texture present in the rolled material. 
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Figure 4.32 XRD line profiles of 35%, 45% and. 55% cold rolled materials 
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Figure 4.33b SAD pattern of the area shown in Figure 4.33a 
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Figure 4.33c Indexing of the SAD pattern indicates a tetragonal structure 
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The rather low value of the c/ a ratio of the proposed DO22 structure and the pronounced 
textural effect leading to substantial broadening of the X-ray diffraction lines make it ex- 
tremely difficult to identify the DO22 phase without any ambiguity. However, the presence 
of twins in the material, cold worked 35% and more, gives an indirect proof of the existence 
of the DO22 phase, which usually deforms by twinning. The twinning plane in DO22 is 
(112) which is equivalent to the (111) plane in the LI2 structure. The twin plane in Figure 
4.10c could be identified as the (111) plane of LI2, no splitting of the SAD spots could be 
obtained presumably due to the low c/a ratio of the DO22 phase. Figure 4.33a features a 
heavily twinned region in a thin foil of the 73% rolled material, while Figure 4.33b displays 
the SAD pattern taken from the same area. The indexed SAD pattern, given in Figure 4.33c, 
shows the expected splitting of spots due to the coexistence of DO22 phase along with the 
Ll2. 

On the basis of what has been stated above it is quite reasonable to conclude therefore 
that cold rolling of the experimental alloy leads to a gradual transformation of the LI2 crystal 
structure of 7/ to the D022- 

4.4.2 Textural Changes 

The point has already been made that one of the main reasons which makes the structural 
transformation during cold rolling very difficult to identify and elucidate from X-ray diffrac- 
tion studies, is the presence of strong deformation textures in the material. The problem has 
been made more complicated by the presence of two phases - 7/ and 7 which have ordered 
FCC and disordered FCC crystal structures respectively. Moreover, their lattice parameters 
are very close (0.3574 nm for 7/ and 0.3565 nm for 7) which is the reason why it is quite ; 
difficult to separate their fundamental X-ray peaks. As a result, it has not been possible i 

to obtain the textures of the two phases separately at anj' stage during the investigation. ■ 

The cold rolling textures of the two phases are therefore essentially superimposed and this 
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makes an understanding of the development of the deformation texture in this material quite 
difficult. 

It is known that heavily cold rolled FCC metals and alloys with medium to high stacking 
fault energies usually exhibit a pure metal type texture, characterized by the Cu {112}< 
111 >, the Bs {011}< 211 >, the S {123}< 634 > and the Goss {011}< 100 > components. 
By contiast. FCC metals and alloys of low stacking fault energies show an allov type texture, 
characterized mainly by a strong Bs and a weak Goss component [147]. 

Again, in FCC materials, the dominance of dislocation glide or deformation twinning 
basically determines the type of rolling texture that develops at high strain levels. It has 
been suggested [148] that just as a critical shear stress exists for slip (rj, there is also 
a critical shear stress for twinning (rt). Texture transition from pure metal to alloy type 
will depend on the magnitude of the ratio rt/rj (= m) [149]. Deformation by slip will be 
promoted for values of m > 1, whereas m < 1 should promote deformation by twinning. 
The texture produced will be pure metal type in the former case, whereas in the latter case 
texture developed will be of alloy type. 

According to Wassermann [26], if mechanical twining is an available mode of deformation, 
in addition to normal crystallographic slip, the Cu component will get transformed to {552}< 
115 > by twinning. Further deformation of the twin orientation will take place on the 
favourable slip systems which will rotate it to the Goss position {011}< 100 > and finally 
to the Bs position {011}< 211 > by further rotation. The Bs component is considered to be 
a stable one and is normally not affected by twinning during deformation. 

The development of the rolling texture in the experimental alloy will now be discussed 
in the light of the above facts. Since the crystal structure (LI2) of the 7/ phase can be 
considered basically as ordered FCC, the formation of rolling texture in this material is 
expected to be similar to that in pure FCC metals or alloys of comparable stacking fault 
energies (SFE). 
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The SFE of NisAl is expected to be similar to that of pure Ni [114, 146]. Pure Ni possesses 
an SFE of ~ 130 mJ/m^ [114], At low levels of deformation, therefore, the texture of 7/ is 
expected to be similar to that of pure Ni, deforming by slip alone. At levels of deformation 
of 35% and more, however, twinning becomes an important mode of deformation in 7/ due 
to structural transformation from LI2 to D022- The formation of pure metal type texture in 
the initial stages is therefore expected to be modified by the formation of alloy type texture 
at the later stages of deformation. 

Texture development in an FCC material, as a function of cold rolling, can normally be 
followed from the y3-fibre intensity plots. Such plots for the experimental alloy have been 
presented in Figure 4.26 earlier. For comparison purposes, the /?-fibre plots for pure Ni (7) 
and for pure NiaAl (7/) are presented here in Figures 4.34 [150] and 4.35 [50] respectively. 

In general, the textural intensities are found to be rather low for the intermetallics such 
as NisAl as compared to those for pure FCC metals [24, 50]. For pure Ni, the texture 
develops continuously with increasing rolling deformation (Figure 4.34). The final texture 
formed after heavy deformation consists of nearly equally strong Cu and S components and a 
comparatively weak Bs component. The 7 phase in the experimental alloy is expected to have 
cold rolling texture similar to this. Strictly speaking though this may not be fully true. It | 
may be mentioned that very often SAD patterns taken froha 7 regions show faint superlattice 
reflections in addition to the strong FCC fundamental spots (Figure 4.12b). Therefore the 7 
phase regions evervwhere may not be pure 7 ro3.y contain fine 7^ particles inside. This 
has also been confirmed by other workers [95, 125]. The deformation behaviour of the 7 ; 

regions in this alloy may, therefore, be a little bit different from the behaviour of pure 7 and | 

would be expected to be similar to that of superalloys where particles of 7/ are dispersed | 
in a 7 matrix. However, since the 7 regions comprise only about 25% volume fraction of I 

the entire allo>; the overall texture of the alloy should be predominantly determined by the 1 

texture of the 7/ phase. The texture of the 7' is also bound to be affected by the 
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Figure 4.34 /3-fibre plots of pure Ni at different levels of cold rolling [150] 
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Figure 4.35 /t?-fibre plots of single phase Ni 3 Al(B) at different levels of cold rolling [50] 
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dispersion of 7/7/ regions within the matrix. 

The cold rolling texture of the experimental material (containing both 7/ and 7) is ex- 
pected to combine the essential characteristics of the textures of both 7/ and 7, as stated 
above. However, the state of order in the 7/ of the experimental alloy has been found to be 
quite different from that of pure 7/ at comparable stages of rolling deformation (Figures 4.26 
and 4.35) This, coupled with the fact that the starting material here was somewhat textured 
unlike the textureless initial material studied by Ghosh Chowdhury et al [50] is expected to 
cause major differences in the deformation texture development in the two cases. 

A study of the /?-fibre plots (Figure 4.26) for the experimental material shows normal 
pure metal type texture development after 25% cold rolling, with the Bs component slightly 
stronger than the other components, such as the Cu and the S. After 35% deformation the 
/?-fibre intensity shoots up to an unusually high level, with the highest intensity near the 
Bs/S {168}< 211 > location and substantially high intensity at the Bs location. This very 
much resembles the characteristics of an alloy type texture. A high density of twins has 
been found in the microstructure at this stage (Figure 4.7b) presumably as a result of the 
LI2 DO22 transformation. The changeover from pure metal to alloy type has probably 
been brought about by twinning, in a manner suggested by Wassermann [26], as mentioned 
earlier. In the earlier work on pure 7/ [50] incidence of twinning on a large scale was observed 
only after about 65% deformation and this was found to cause a similar texture transition. 
While investigating the cause of twinning (as a result of LI2 -> DO22 transformation) at a 
much earlier stage of deformation in the experimental alloy, as compared to the pure 7/, it 
was often noticed that heavily twinned regions were invariably obtained in the close vicinity 
of the deformed 7 regions (Figure 4.36). In fact, the twins were found to be much denser 
near the 7/7/ interface than in regions away from these interfaces. This observation suggests 
that during deformation, the localized strain at the 7/7^ interface may reach a critical value 
much earlier than in other regions and this may trigger the LI2 -> DO22 transformation and 
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the consequent formation of twins. Li and Wahi [151], from their work on 7/7/ boundaries 
in two phase superalloys, concluded that the 7/7/ lattice mismatch and the presence of 
misfit dislocation arrays may cause straining at localized regions. Bonnet and Ati [152], who 
conducted a comprehensive investigation on dislocation interactions at 7/7/ interfaces in two 
phase superalloys, sometimes observed a ribbon of APB in the 7/ phase which was limited 
on one side by the 7/7/ interface and on the other side by a Shockley dislocation connected 
to a Superlattice Intrinsic Stacking Fault (SISF). Thus it appears that it may not be easy 
for the dislocations produced by deformation in the 7/ phase to cross the 7/77 interface, and 
this essentially means reasonable chances of strain accumulation in the 7/77 interface. This 
may account for the much earlier occurrence of the LI2 DO22 transformation and the 
consequent formation of twins in the experimental alloy, as compared to pure NisAl (7/). 

The high intensity of the S component of the ,i3-fibre (more specifically near the Bs7S 
location, {168}< 211 >) after 35% deformation was quite unusual. Although the Cu com- 
ponent of the ,5-fibre is known to reduce substantially due to twinning, Hirsch et al [122] 
suggested that the orientation (123) [412] near S produces its symmetrically equivalent vari- 
ant (123) [412] after twinning.' Thus the intensity of the S component is supposed to be 
unaffected by twinning. Although the deformation of 7 regions is expected to contribute 
both to Cu and S components during deformation, their magnitude will be small and there- 
fore cannot account for the high intensity of the /?-fibre at Bs/S location. Mao et al [153] 
investigated the influence of the cube starting texture on rolling and recrystallization texture 
development in high purity Al. They observed the formation of a component {124}< 211 > 
(^1 = 57°, (p = 29° and ^2 = 63”) from the cube at high rolling reductions. This component, 
named by them as cube/S component is not far from the S location (pi = 59°, p = 37° and 
(j )2 = 63°). It may be mentioned here that the XRD pattern of the starting material in the 
present investigation shows a strong (200) reflection and the corresponding ODF showed, 
not the exact cube, but rotated cube orientations (Figure 4.23b). Some of these orientations. 
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after deformation, could provide some intensity near the Bs/S location. 

After 45% cold work the experimental material showed the first appearance of shear 
bands in the microstructure (Figure 4.4e) but their numbers were few. At this stage, there is 
already a high density of twins present in the material. Thus, the deformation behaviour at 
this stage will somewhat resemble that of a low SFE material with packages of twin/matrix 
lamellae. The resulting shear bands will therefore be of Brass type [122] which are broad 
bands usually extending over many grains, as has been found out experimentally also (Figure 
4.4e). The crystallites present within these shear bands have a certain preference for Goss 
{011}< 100 > [154] and that could explain the sharpening of this component after 45% 
deformation from the previous level (Figure 4.28). The density of the shear bands has been 
found to increase continuously with increase in rolling reduction (Figures 4.4f to 4.4h). This 
explains the continuous sharpening of the Goss component till the final reduction of 73%. 
The /3-fibre after 45% deformation appears similar to that after 35% deformation, but its 
overall intensity was found to weaken a little bit. A slight increase in the intensity of the Cu 
component and decrease in the intensity in the Bs component at this stage could be due to 
the contribution from deformed 7 regions. 

The density of shear bands was found to increase dramatically after 55% deformation 
(Figure 4.4g). The ODF intensity got drastically reduced and the j?-fibre appeared similar 
to what was obtained after only 25% deformation. The overall weakening of the texture 
at this stage indicates the formation of a large background comprising of a host of weak 
components. This could be due to very inhomogeneous deformation at this stage, with the 
matrix/twin lamellae cut by the shear bajids^ leading to considerable fragmentation of the 
grains and a resultant weak crj'stallographic texture (Figure 4.25d). Similar weakening of | 

texture and formation of a large background component was observed by Hirsch et al [138] ! 

in 70/30 brass deformed in the medium strain range (50 - 85%). 

The overall texture intensity was found to increase after 65% deformation with perceptible 


JIT Kanpur, t9$8 



Chapter 4 • Deformation Behaviour - Discussion 


167 


sharpening of all the important components - Cu, S and Bs, the sharpening of the last 
component being the most remarkable. Most of the shear bands were found aligned at this 
stage, in a particular direction making an angle of 30° - 35° with the rolling plane (Figure 
4.4g). The twin density also increased significantly at this stage. The sharpening of the 
Cu and S components in the overall texture at this stage (Figure 4.26) could be due to the 
expected reasonably sharp pure metal type texture of the 7 regions. A look at the a-fibre 
plots of the 65% rolled material shows that maximum intensity at this stage is obtained not 
at the exact Bs location, but at the {0n}< 111 > position which is 20° away from the Bs. In 
addition to that, reasonably high intensity is also obtained at the rotated Goss orientation. 
This could be possible if the deformation mechanism changes again from twinning and shear 
banding to homogeneous slip which will rotate the fine equiaxed grains of the shear banded 
structure into the stable Bs orientation [122]. Some of the material in the Bs location could 
possibly be transferred along the a-fibre to the rotated Goss {011}< Oil > position by shear 
banding. 

The alloy type texture sharpens after 73% rolling. Although the texture intensity at the 
Bs location does not change from the previous value, there has been a sharp increase near 
the Bs/S location and a drastic decrease in the rotated Goss position. The /3-fibre at this 
stage again looks similar to the one obtained after 35% and 45% deformation. 


JIT Kanpur, 1996 



CHAPTER 5 

ANNEALING BEHAVIOUR 


J/r Kanpur, t99S 



Annealing Behaviour 


The annealing behaviour of the alloy was investigated by subjecting the 73% cold rolled 
material to recrystallization anneal at a number of temperatures for various lengths of time. 

5.1 Isochronal Annealing 

5.1.1 Optical Microstructures 

In order to evaluate the elfect of annealing temperature on the recovery and recrystallization 
behaviour, the 73% cold rolled alloy was subjected to isochronal annealing for 1 hr at several 
temperatures ranging from 500° to 1200°C, at intervals of 100°C. It was observed that the 
microstructure of the deformed sample remained unaltered upto 600°C. Figures 5.1a to 5. If 
show the optical micrographs of the samples annealed for 1 hr at temperatures ranging from 
700° to 1200°C. 

After annealing at 700°C (Figure 5.1a), numerous deformed second phase islands arranged 
within shear bands were still found to be present in the deformed j/ matrix. Early stages 
of recrystallization were noticed after annealing at 800°C (Figure 5.1b). The recrystallized 
volume fraction increased gradually after annealing at higher temperatures (Figures 5.1c | 

and 5. Id), and a fully recrystaJlized structure was obtained after 1 hr annealing at 1100°C | 

(Figure 5.1e). An aggregate of both large and fine grains was observed at this stage. After | 
annealing at 1200°C (Figure 5.1f), a more or less equiaxed grain structure was obtained. ; 
The average grain size at this stage was about 6-8 ^m. • 
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40yum 

Figure 5.1e Optical micrograph after isochronal annealing at 1100°C 



40/L^m 

Figure 5.1f Optical micrograph after isochronal annealing at 1200‘’C 
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5.1.2 XRD Line Profiles 

The XRD profiles recorded for all the isochronally annealed samples are presented in Figure 
5 . 2 . The (100) superlattice peak which was absent in the.profile of the 73% rolled material, 
reappeared after 1 hr annealing at 600°C. It intensified somewhat with higher annealing 
temperatures, but the general pattern of the profile remained unchanged till after the highest 
temperature of isochronal annealing. 

The XRD peaks from a few selected samples measured at a slower scanning speed are 
presented in Figure 5.3. The very closely spaced fundamental lines from the 7 / and 7 phases 
simultaneously present in the alloy can be distinguished one from the other for samples 
isochronally annealed at 800°C and above. The separation of the fundamental peaks (111), 
(200) and (220) for the two phases was more prominent after annealing at 1000 °C. 

5.1.3 Order Parameter (S) 

The ordering behaviour of the 73% rolled material during isochronal annealing is shown in 
Figure 5.4. The (100) superlattice peak was absent in the 500°C annealed sample. Then it 
reappeared in the XRD profiles of the materials annealed at 600°C and above. The value of 
Sioo/200 which was zero upto 500^0, abruptly jumped to 0.34 at 600°C and improved further 
at higher annealing temperatures, reaching the maximum value of 0.67 at 1200 °C. 

Thf; magnitude of the Si 10/220 value was nearly 0.33 at the initial condition (i.e. in the 
73% cold deformed material). On isochronal annealing its value started rising slowly. The 
variation of Siio/220 w’ith the annealing temperature followed the same trend as the Sioo/200 
and the order parameter reached a maximum value of 0 . 6 . 

5.1.4 Strain Parameter and Microhardness 

Figure 5.5 shows a plot of the strain parameter values as function of isochronal annealing 
temperature. It is clearly observed in this Figure that the. strain parameter decreased slowly 
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Figure 5.2 XRD line profiles of isochronally annealed samples 
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Figure 5.3 XRD line profiles of a few selected isochronally annealed samples 
(recorded at a slower scanning speed) 
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Temperature ("C) 

Figure 5.6 Variation of microhardness with isochronal annealing 
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upto the annealing temperature of 600‘’C and then at a much faster rate upto about llOO^’C, 
before showing a slight increase at 1200°C. 

The variation of microhardness values with isochronal annealing temperature is plotted 
in Figure 5.6. This plot is quite similar to the one obtained for strain parameter values in 
Figure 5.5. Hardly any softening of the material took place upto the annealing temperature 
of 500®C beyond which the hardness value dropped at a much faster rate. A plateau region 
was observed between 900'’ and 1100°C, followed by an increase in hardness at 1200‘’C. 

5.2 Isothermal Annealing 

The annealing behaviour of the alloy was investigated more thoroughly by examining the 
microstructures and related parameters after subjecting the 73% cold rolled material to 
isothermal annealing at several temperatures, ranging from 800° to 1200°C, at 100° intervals, 
for various lengths of time. 

5.2.1 Optical and SEM microstructures 

Although isothermal annealing was not carried out at the lower temperature of 700°C, be- 
cause of the sluggishness of the reaction, annealing for 16 hr at 700°C, revealed important 
changes in the microstructure of the 7 regions aligned along the shear bands (Figure 5.7). 
Presumabh', these are the preferred locations for recrystallization to start. A series of op- 
tical micrographs depicting typically the effect of isothermal annealing on the development 
of microstructure are shown in Figures 5.8a to 5.8d. This set of micrographs bring out the 
gradual changes in the microstructure as a function of time at 900°C. Starting from a very 
low volume fraction of recrystallized grains after 5 min annealing (Figure 5.8a), complete 
recrystallization was achieved at this temperature after 15 hr (Figure 5.8d). Figures 5.9a 
and 5.9b show the completely recrystallized microstructures obtained at higher annealing 
temperatures, such as 1000° and 1200°C. 
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40/xm 

Figure 5.8c Microstructure after annealing at 900°C for 5 hr 



40/rm 

Figure 5.8d Microstructure after annealing at 900°C for 15 hr 
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Figures 5.10a to S.lOf show a series of SEM photographs taken at different stages of 
isothermal annealing at llOO^C. Elongated second phase 7 islands dispersed in the 7 / matrix 
were clearly observed at the early stage of annealing (after 5 min), but the final microstruc- 
ture (Figure 5.1 Of), after complete recrystallization, did not give the appearance of containing 
two distinct phases. This was also true of the fully recrystallized grain structure obtained 
at other annealing temperatures. 

An attempt was made to obtain the chemical composition, by ED AX analysis, from 
the 7 / and 7 phases present in the microstructures at different stages of annealing at two 
representative temperatures of 800'’ and 1000°C. The results are given in a tabular form in 
Table 5.1. For any particular phase, analysis was carried put over at least ten different areas 
and quite comparable atomic percent values for the elements were obtained from them. The 
averages of these values have been finally presented in the Table. 


Table 5.1 Chemical composition of different phases during 

annealing (at. %) 

Annealing Temperature 800^0 




Element 

5.5 hr 

12 hr 

35 hr 

100 hr 

150 hr 

7 / 

matrix 

7 

island 

7' 

matrix 

7 

island 

7 / 

matrix 

7 

island 

Single 

phase 

Single 

phase 

A1 

23.90 

14.19 

22.38 

16.27 

24.02 

15.93 

22.10 

21.57 

Ni 

75.31 



83.51 

15.22 



77.54 

Zr 

0.79 

0.20 

0.81 

0.22 

0.75 

0.27 

0.56 

0.69 


Annealing Temperature lOOO^C 


Element 

2 min 

0 min 

10 min 

6 hr 

10 hr 

7 / 

matrix 

7 

island j 

7 / 

matrix 

7 

island 

7 / 

matrix , 

7 

island j 

Single 

phase 

Single 

phase 

A1 

23.91 

16.85 



22.35 

16.01 

22.19 

22.00 

Ni 



75.44 

82.37 

76.83 




Zr 

0.95 


0.87 

0.34 

0.81 

0.36 

0.92 

0.69 


It was also observed that after annealing for 100 hr and more at SOO^C and for 6 hr and 
more at 1000‘’C, no two distinct phases could be seen in the microstructure. The alloy was 
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5/im 

Figure 5.10a SBM micrograph after annealing at 1100°C for 5 min 



10/im 

Figure 5.10b SEM micrograph after annealing at 1100°C for 10 min 
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10/iin 

Figure 5.10c SEM micrograph after annealing at llOO^C for 20 min 



lO/um 

Figure 5.10d SEM micrograph after annealing at 1100°C for 30 min 
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fully recrystallized in those conditions and appeared to consist of nearly equiaxed grains of 
a single phase. For any one of these samples ED AX analysis was carried out at random on 
at least ten different grains and the analysis was found to be quite comparable. The data 
presented in the Table is the average of the values obtained from all the. ton grains. 

5.2.2 XRD Line Profiles 

The XRD line profiles of all the samples annealed at temperatures 800°C, 900°C, 1000°C, 
1100°C and 1200°C are shown in Figures 5.11a to 5. He. The most important feature in all of 
them is the reappearance of (100) superlattice peak after annealing for certain length of time 
at a particular temperature. This time shortens as the isothermal annealing temperature 
is increased. With prolonged annealing, the splitting of the fundamental lines showing 
the peak positions of the lines of the 7/ and 7 phases, becomes more prominent. This 
is displayed typically in Figures 5.12a and 5.12b for annealing temperatures of 800°C and 
1000®C respectively. It can further be noticed in these Figures that as annealing progresses 
at a particular temperature the relative heights of the 7 peaks increase indicating formation 
of larger volume fractions of the 7 phase. 

5.2.3 Order Parameter (S) 

The order parameter (S) values were determined for all the isothermally annealed samples, 
from their respective XRD profiles, and these have been displayed as function of anneal- 
ing time in Figures 5.13a to 5.13e. At any particular annealing temperature, order is re- 
established quickly after short annealing time. Higher the annealing temperature, shorter is 
the time required for ordering. Between 800” and 1000”C (Figures 5.13a to 5.13c), once the 
order is re-established (as compared to the 73% cold rolled material) the value of S does not 
seem to change significantly with annealing time, and the maximum value of S never exceeds 
0.7. It is interesting to note that both the Sioo/200 Q’tid Siio/220 plots run almost parallel to 
each other and nearly the same trend is observed in the variation of the S parameter at all 
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Figure 5.11a XRD line profiles of isothermally annealed samples at 800°C 
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Figure 5.11b XRD line profiles of isothermally amnealed samples at 900°C 
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Figure 5. lie XRD line profiles of isothermally annealed samples at 1200"C 
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Figure 5.13a Variation of order parameter (S) with isothermal annealing at 800°C 



Figure 5.13b Variation of order parameter (S) with isothermal annealing at 900°C 



Figure 5.13c Variation of order parameter (S) with isothermal annealing at 1000°C 
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Figure 5.13d Variation of order parameter (S) with isothermal annealing at 1100°C 



Figure 5.1 3e Variation of order parameter (S) with isothermal annealing at 1200°C 
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the temperatures between 800° and 1000°C. 

A somewhat different behaviour is depicted in the Figures 5.13d and 5.13e, showing 
the variations of the S parameter during isothermal annealing at 1100°C and 1200°C, re- 
spectively. Here the Sioo /200 and Suo /220 plots are found not to maintain a nearly parallel 
relationship as at lower temperatures. These plots also, show that after about 10 mm of 
annealing a peak value of S — 0.85 to 0.95 is reached by Siioy 220 ’ This is verv close to the 
theoretical value for a fully ordered material. 

5.2.4 Strain Parameter and Microhardness 

The plots showing the variations of the strain parameter (B/Br) on isothermal annealing at 
different temperatures are shown in Figure 5.14. The basic nature of all the plots shown in 
this Figure is found to be quite similar. Each one of them shows an initial downward trend, 
reaching a minimum value before rising again to produce a little hump followed by a further 
decrease. 

The; plots of microhardness values against time of annealing at different temperatures are 
shown in Figure 5.15. These plots show a trend similar to the strain parameter diagrams 
(Figure 5.14). At the initial stage, a significant softening effect can be observed in all 
the plots, more prominently at higher temperatures. This is followed by an intermediate 
hardening effect before the material softens again. The hardening effect was not very clear 
at 800°C. It was however more prominent at higher temperatures, and a well developed peak 
was observed in the niicrohardness value in the plot for 1200°C. 

5.3 TEM Microstructures 

An attempt was made in this investigation to characterize the very early stages of recrys- 
tallization and record its progress by carefully analysing the microstructural details using a 
Transmission Electron Microscope (TEM). For this purpose, lot of attention was paid to 
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Figure 5.14 Variation of strain parameter with isotherihal annealing at five temperatures 
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Figure 5.15 Variation of microhardness with isothermal annealing at five temperatures 
(The error bars are omitted in order to maintain the clarity of the diagram) 
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study the partly recrystallized regions in many foils produced from materials annealed at 
different temperatures for various lengths of time. 

Figure 5.16a shows a partly recovered area within a partially recrystallized sample, an- 
nealed at 700°C for 16 hr. Lot of dislocation activity can be seen within the elongated cells 
which must be a prelude to the formation of subgrains. The corresponding SAD pattern, 
shown in Figure 5.16b, indicates a (110) pattern, featuring the {100} superlattice spots. 
Dislocation activity leading to the formation of nearly clear subgrains is displayed in Figures 
5.17a and 5.17b. An interesting observation at this stage was that the deformation twins, 
which were the major constituents of the substructure of the 73% cold rolled material, were 
very few in number and could be seen only rarely. Figures 5.18a and 5.18b show such regions 
in the sample annealed for 16 hr at 700°C, where well defined twins with sharp boundaries 
could still be observed. However, quite a bit of dislocation activity within the twinned re- 
gions as w'ell as at the boundaries can be seen. In a few other regions also the twins were 
observed but their boundaries were not that well defined, and in fact, found to be quite 
diffuse (Figure 5.19a). Figure 5.19b shows another area where a high density of fine twins 
seems to have just disappeared on annealing. 

The very early recrystallized grains found in thin foils of the alloy annealed for 16 hr at 
700° C almost invariably show the presence of particles inside which look like discontinuous 
(cellular) precipitation (Figures 5.20a and 5.20b). Upon tilting the foil, some of the otherwise 
clear grains in Figure 5.20b were also found to contain these particles. SAD pattern taken 
from the cold rolled area to the left indicates that it is highly ordered (Figure 5.20c), the 
superlattice spots being quite strong. On the other hand, the SAD pattern taken from the 
subgrain cluster shows only weak superlattice spots (Figure 5.20d). 

Figures 5.21a to 5.21c show different morphologies of the discontinuous precipitation 
occurring within recrystallized grains and subgrains formed from the highly deformed matrix. 
Figure 5.22a shows a recrystallized grain advancing into a cluster of small cells and subgrains. 

riT Kimpur, i»»» 



201 


Chapter 5 : Annealing Behaviour — Results 



l/jLia 

Figure 5.16a TEM micrograph showing a partly recovered area 
after annealing at 700°C for 16 hr 



Figure 5.16b Corresponding SAD pattern of the area shown in Figure 5.16a 
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Figure 5.19a TEM micrograph showing diffuse twin bands 
after annealing at ZOO^C for 16 hr 



l/4m 

Figure 5.19b Partly recovered area showing the disappearance of fine 
twin bands after annealing at 700°C for 16 hr 






Figure 5-20a Cellular precipitation in the recrystallized subgrains 
(annealed at 700° C for 16 hr) 


Figure 5.20b Cluster of subgrains with cellular precipitates near 
the cold worked regions (annealed at 700° C for 16 hr) 
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Figure 5.20c SAD pattern of the cold worked region in Figure 5.20b 



Figure 5.20d SAD pattern of the cluster of subgrains in Figure 5.20b 
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Figure 5.22a A recrystallized grain containing cellular precipitates advancing into a 
cluster of small cells and subgrains (annealed at 700^0 for 16 hr) 
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Figure 5.21c A subgrain with cellular precipitates grows by consuming the highly 
deformed matrix (annealed at 700° C for 16 hr) 
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Figure 5.22b SAD pattern of the recrystallized grain in Figure 5.22a 



Figure 5.22c SAD pattern of the cluster of subgrains and cells in Figure 5.22a 
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Inside the advancing grain, discontinuous precipitates can also be seen. SAD pattern taken 
from the big gram (Figure 5.22b) shows many spots making it almost impossible to index 
the pattern. SAD pattern taken from the cluster of subgrains and cells indicates a highly 
ordered region (h igure 5.22c). A high magnification micrograph showing the jagged interface 
between a growing recrystallized grain and the deformed matrix is presented in Figure 5.23a. 
This interface evidently is a reaction front involved in com^bined discontinuous precipitation 
and recrystallization. A similar microstructure is shown in Figure 5.23b which also features 
isolated precipitated particles , along the interface between a recrystallized grain and the 
adjoining cold w'orked region ^ It is likely that these precipitates were the precursors for 
the formation of the cellular precipitates in the recrystallized grain when the combined 
recrystallization/precipitation front advanced into the cold worked region to the left. The 
morphology of the discontinuous precipitation inside a recrystallized grain is shown in Figure 

5.24. 

A. group of two grains A and B and the adjacent cold rolled region are presented in Figure 
5 25a Discontinuous precipitates appear to grow from the interface between A and the cold 
worked matrix and then advance into the inside of the grain. The grain B also has some 
cellular precipitation inside. SAD pattern taken from the cold worked matrix, grain A and 
grain B are showm in Figures 5.25b, 5.25c and 5.25d respectively. All three regions appear 
to have an ordered LI 2 structure. 

Cellular precipitation has hardly been observed in recrystallized grains obtained by an- 
n-^aling at 900°C and above. Figure 5.26 shows a partially recrystallized region after anneal- 
ing at 900^0 for 5 min. A few small subgrains are featured in this micrograph, among which 
the centre is seen to grow and consume the nearby deformed matrix. The inside 

tll6 On6 

of this subgrain is quite clean and no cellular precipitates could be observed even after tilting 
the foil In another area of the same foil, a small recrystallized grain was obser\'ed embedded 
in the deformed mate. A rod like feature was present in the grain (Figure 5.37a). 


r/r Ktmpvr. i&M 




0.5/im 

Figure 5.23b Isolated dislocations and precipitate particles along the interface between 
a recrystallized grain and cold worked region (annealed at 80CPC for 1 hr) 
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Figure 5.24 Morphology of the discontinuous precipitation inside a recrystallized grain 

(annealed at 80CPC for 1 hr) 
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Lcent deformed region 
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Figure 5.25c SAD pattern of the grain A in Figure 5.25a 



Figure 5.25d SAD pattern of the grain B in Figure 5.25a 
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Figure 5.26 A partially recrystallized region after annealing at 900°C for 5 min 
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Sometimes fine striations (faults) are found to be present in the new formed subgrains (Fig- 
ure 5.27b). Some of the recrystallized grains at this stage also contain a high dislocation 
density (Figure 5.28a). The corresponding SAD pattern shows that this grain has an or- 
dered Lis structure (Figure 5.28b). Figure 5.29a also shows an ordered grain at this stage, 
which contains clear-cut paired dislocations inside. Some of the new formed recrystallized 
grains also show a high density of precipitate particles - but little evidence of any cellular 
precipitation (Figure 5.29b). 

TEM micrographs obtained from the foils of the material annealed at 1000°C for 2 min 
show features similar to the ones obtained for the 900°C annealed sample. Most of the 
grains and subgrains appear quite clear inside and no cellular precipitation could be noticed 
even after tilting (Figure 5.30a). Figure 5.30b shows an area where a newly formed grain 
is in the process of migration in the surrounding deformed matrix. The corresponding 
SAD pattern (Figure 5.30c) shows that it has an ordered LI 2 structure. Sometimes the 
recrystallized grains are found to contain a high density of faults (Figure 5.30d). High 
density of parallel dislocation lines are sometimes observed within the recrystallized grams 
(Figure 5.31a). Sometimes even the newly formed grains show distinct globular precipitation 
(Figure 5.31b). Some features similar to twins are also seen in this micrograph. Figure 5.32 
shows a recrystallized grain with a high density of precipitate particles inside. A magnified 
image of another grain with precipitates is shown in Figure 5.33a. The corresponding SAD 
pattern (Figure 5.33b) indicates presence of an LI 2 structure. Sometimes distinct Moire 
fringe like features are also seen within the subgrains (Figure 5.34). Very often elongated 
band-like features are also noticed in the microstructure (Figure 5.35a). These have been 
identified as mainly 7 regions as seen from the corresponding SAD (Figure 5.35b). A cluster 
of 7 subgrains are seen in Figure 5.36a. Selected area diffraction patterns indicate that the 
boundaries between these subgrains are indeed low-angle boundaries. A magnified image of 
the subgrain A is presented in Figure 5.36b. The boundaries all around this show a 
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Figure 5.29b Precipitations within 
(annealed at 900° C j 
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Figure 5.30c SAD pattern of the grain at the centre in Figure 5.30b 


Figure 5.30d Faults within the recrv-stallized grains (annealed at lOQCPC for 2 min) 
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Figure 5.31a Parallel dislocation lines within recrystallized grain 
(annealed at 100 (PC for 2 min) 


Figure 5.31b A partly recrystallized region after annealing at 1000°G for 2 min 
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Figure 5.32 A recrystallized grain with high density of globular precipitates inside ^ 

(annealed at 1 000° C for 2 min) : 
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Figure 5.35a Parallel bands of 7 r 
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of dislocation activity. A magnified image of the boundary at B, shown in Figure 5.36c, 
indicates that it is made up of a large number of parallel dislocation lines. A magnified 
image of the feature C in Figure 5.36a is presented in Figure 5.36d, which shows that it is 
some kind of a fault. 

5.4 Recrystallization Kinetics 

5.4.1 Analysis of Recrystallized Volume Fraction Data 

The volume fraction of recrystallized grains with respect to time at five different annealing 
temperatures have been plotted in Figure 5.37. All the five plots depict a general sigmoidal 
behaviour. However, a careful examination reveals that above around 50% recrystallization, 
all the curves become much steeper. For a quantitative evaluation of the kinetics of recrys- 
tallization, all the data points in Figure 5.37 were fitted .with the traditional Avrami [155] 

equation. 


X = 1- exp[-kf'] (5-1) 

where 

X is the recrystallized volume fraction, 
ic is a temperature dependent constant, and 
n is the Avrami exponent. 

The above equation can be e.xpressed in the following mannef also 


I- X = expl-kf^] 
or, exp[fct"] = yry 


UT 



Taking double logarithm on both sides 


HHU{l~X)}]=nlnt + lnk (5.2) 

Therefore, plotting the values of ln[ln{l/(l - X)}] as a -function of In t should produce a 
straight line. The slope of that straight line will directly give the value of n, the Avrami 
exponent, while the Y-axis intercept will give the value of Ink. The constant k is directly 
related with the temperature and activation energy which can be expressed as 


k = 


koexp{~ 


Q_ 

RT 


) 


where 


Q is the activation energy 
T is the absolute temperature of annealing 
R is the universal gas constant, and 
ko is a constant 


Taking logarithm of both sides of this equation 


In k =lnko — 


RT 


(5.3) 


or, lDJ.-=-|.;i + lnfc (5,4) 

According to this equation, plotting of — In k values (which are obtained using equation 5.2) 
as a function of 1 /T should produce a straight line again. The slope of that straight line will 
be equivalent to -Q/R, from which the activation energy, Q, can be determined easily. 

Figure 5.38 shows the ln[ln{l/(l - X)}] vs In t plots for all the annealing temperatures. 
Expectedly, clear cut straight line relationships were obtained, and least square techmque 
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Figure 5.37 Plots of recrystallized volume fraction with annealing time at five annealing 

temperatures 
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was us(?d to draw the lines. For a particular temperature, two straight lines were obtained at 
the two stages of recrystallization, and the abrupt change of slope was observed at around 
50% recrystallization. Almost the same trend was maintained at all the five annealing 
temperatures. The n values determined from the slopes of these curves are listed in Table 
5.2. 


Table 5.2 n values determined for all temperatures 


Temperature 

Stage 1 (X < 0.5) 

Stage 2 (X > 0.5) 

800°C 

0.75 

2.0 

900°C 

0.82 

2.15 

1000°C 

BHBIHHi 

2.0 

1100°C 

Hiimgiiiiiiii 

1.95 

1200°C 

0.68 

1.95 


The‘ variation of n with temperature, at the two stages are shown in Figure 5.39. In the 
first stage, the value of n varied within 0.68 and 0.82, while in the second stage it varied 
between 1.95 and 2.15. 

In order to determine the activation energy using equation 5.4, all the In^ values deter- 
mined from Figure 5.38 were plotted against inverse temperature. The In fc values are listed 
in Table 5.3 and the corresponding plots are shown in Figure 5.40. 


Temperature 

Stage 1 (X < 0.5) 

Stage 2 (X > 0.5) 

SOO^’C 

-5.45 

-14.33 

900°C 

-4.46 

-11.12 

1000‘’C 

-3.64 ^ 

-9.04 

llOO^C 

-2.62 

-7.63 

1200°C 



T83 

-5.49 


Plotting of the data pointe shown in Table 5.3 produced two curves which were nearly 
strrtight lines in nature. A Cose loch at the data points of Stage 1 (X < 0.5) in Figure 5.40 
reveals that there is an abrupt change of slope at 1000-C. Therefore, actually two line 
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segments of different slopes were obtained for stage 1, whereas the stage 2 data points more 
or less followed a single straight line. The slopes of those lines were measured from which 
the activation energy values were calculated. These values are listed in Table 5.4. The 
temperature effect on the activation energy was not found to be very prominent. The Q 
value increased to some extent above 1000‘’C at stage 1, whereas it was almost constant 
throughout the temperature range at stage 2. 


Table 5.4 Activation energy (Q) values at different stages 


Stages 

Temperature 

Q value (Activation energy) 

Stage 1 
(X < 0.5) 

800*’ - 1000°C 
1000° - 1200°C 

97.48 kJ/mole 
136.05 kj/mole 

Overall 

117 kJ/mole 

Stage 2 (X > 0.5) 

800° - 1200°C 

274.38 kJ/mole 



5.4.2 Analysis of Differential Scanning Calorimetry (DSC) Data 

In order to isolate the heat effects due to the various reactions and transformations occurring 
in the alloy, samples cold rolled by different amounts were subjected to DSC measurements. 
All the DSC runs were carried out under identical conditions, and high purity well annealed 
platinum was used as the reference. 

In the first run, platinum samples were used both in sample pan and reference pan. At 
this condition, the heat flow qi, to the reference relative to the sample pan can be expressed 

as 


gi = ^[^h{R) - Chcs)] + ^[Cpt{R) - Cph-?)] 

where, 

E is the calibration constant, 

(h is the heating rate. 
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C„(«) and are the heat capacities of the reference and sample pans, respec- 
tively, and 

Cpt(R) and Cpt(s) are the heat capacities of Pt in the reference 
respectively. 


and sample pans, 


In the second rnn. the Pt sample in the sample pan „as replaced by the deformed Ni,Al(B Zr) 
specimen. At this situation, the heat flow ^2 can be expressed as 


52 = - Ch^s)] + ~[Cpt(R) r- ^ 

E 

where, 

CU( 5 ) is the heat capacity of the cold rolled sample, 

M is the mass of rolled sample, and 

Q is the rate of heat evolution per unit mass due to transformation in the sample 
Subtraction of equation 5.5 from 5.6 gives 


(92 - 5 i) - ^ 

When there is no reaction in the sample the rate of heat evolution, Q = 0 The equatio 5 7 
then reduces to 


(52 - 5 i)q=o - ^[C'pf(s) - C'4(s)] 
Subtraction of equation 5.8 from 5.7 gives 


(5.8) 


QM ./ • • \ c . 

(52 9 i)q=o] 


(5.9) 


This equation is used to obtain the value of ^ as a function of temperature. The thermo- 
grams of the DSC runs were recorded with the help of a standard software package. 
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Figure 5.41 DSC thermograms of 73% cold rolled material at the two heating rates 

30°C/min and 10°C/min 
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To start with, two DSC runs were conducted on the 73% rolled sample, using two heating 
lates, namely, 30 C/min and 10°C/min respectively. These two thermognams are shown in 
Figure 5.41. At the higher heating rate, all the transformations took place abruptly. As a 
result, the ^ vs T curve appeared as a big hump from which the different stages could 
not be distinguished. At the lower rate of heating, the transformations were too sluggish, 
and the whole plot shifted towards the right end. An intermediate heating rate of 20°C/min 
was therefore chosen and all the subsequent DSC runs were carried out using this. The 
corresponding thermograms are shown in Figure 5.42. 

A qualitative study of the thermograms reveals that there is a similarity in the shape 
for the 25%, 35% and 45% rolled materials; all three show a gradually increasing slope with 
temperature and a small peak at the end. The shapes of the thermograms for the 55%, 65% 
and 73% rolled materials are again similar among themselves, but somewhat different from 
the three previous ones. Instead of showing a single small peak at the end, they exhibit somxe 
kind of a plateau region containing a couple of short peaks. The temperature corresponding 
to the final peak in all the above thermograms lies between 1150° - 1175°C. Another inter- 
esting feature is that detectably smaller amount of heat evolution can be associated with 
the thermograms of the 55%, 65% and 73% rolled materials, as compared to the 25%, 35% 
and 45% rolled samples. 

5.5 Textural Changes During Annealing 

In an attempt to follow the texture development during annealing, both pole figure and 
ODF measurements were carried out from samples 73% cold rolled and then annealed at 
900°C for various durations of time. In this way it was possible to characterize the texture 
as it developed during the entire range of recrystallization process. Figures 5.43a to 5.43g 
represent the (111) pole figures and the Figures 5.44a to 5.44g represent the corresponding 
ODFs for the seven different sanrples annealed at 900°C for time ranging between 4 min to 
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25 hr. 

It is clear from the above Figures that the pole figures (Figures 5.43a to 5.43g) of all the 
annealed samples look quite similar and all of them signify a rather weak texture. In order 
to have more insight the ODFs were studied next. A strong Bs component, along with a 
Goss component could be identified in the ODF plot after 4 min of annealing (Figure 5.44a). 
These components weakened after 10 min (Figure 5.44b). A rotated Goss component with 
an orientation very near to {011}< 111 > could be seen after 1 hr (at ©o = 0° of Figure 
5.44c), which also weakened after 3 hr (Figure 5.44d). Another component {123}< 121 > 
developed at the final stage (Figures 5.44e to 5.44g), which was basically a rotated variation 
of the S [123} < 634 > component. 

The variations of textural intensity ivith annealing time can be described with the help 
of the /?-fibre plots. Figure 5.45 shows the /?-fibre (maximum density) plots for the seven 
annealed samples as well as for the 73% rolled sample (starting material). Corresponding 
volume fractions of recrystallization are listed in Table 5.5. A simultaneous close inspection 
of Figure 5.45 and Table 5.5 reveals the following: 

• Both Cu and Bs components decreased at the very initial stages, and a situation close 
to the equilibrium was achieved after 1 hr of annealing. Beyond that stage, the overall 
texture did not undergo any significant change. 

• The intensity of the Cu component decreased more rapidly as compared to that of the 
Bs component. The intensity of the former became .quite low after 4 min of annealing 
while the Bs component was not totally suppressed even after 1 hr of annealing. 



Figure 5.43a {111} pole figure after annealing at 900°C for 4 min 



Figure 5.43b {111} pole figure after Figure 5.43c {ill} pole figure after 

annealing at gOO^C for 10 min annealing at 900°C for 1 hr 
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Figure 5,44b ODF after annealing at Figure 5.44c ODF after annealing at 


900°C for 10 min 


900°C for 1 hr 


flT JCanpur, iStM 

















Chapter 5 : A nnealing 


o 

o 

5° 

10° 

1 

20° 

25° 

30° 

3 

40° 

45° 

50° 

5. 

o 

o 

65° 

70° 

71 

80° 

. 

85° 

90° 

1 
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Figure 5.44f ODF after annealing at 900°C Figure 5.44g ODF after annealing at 
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Table 5,5 Recrystal lized volume fraction with ann e ^^lin g time at 900^C 

I Time of annealing I PVaction I 
I at 900°C recrystallized 


0 min 

0% 

4 min 

4% 

10 min 

8% 

1 hr 

20% 

3 hr 

46% 

16 hr 

94% 

15 hr 

100% 

25 hr 

100% 


The a-fibre and r-fibre plots for all the samples are shown in Figures 5.46 and 5.47 
respectively. Both the Figures indicate that the intensity of the Goss component increased 
at the early stage of annealing, followed by a gradual decrease after 1 hr of annealing. Another 
interesting point observed in Figure 5.46 is that the rotated Goss component {011}< Oil > 
which was practically absent in the 73% rolled sample abruptly attained a reasonably high 
intensity after 4 min of annealing, and then gradually decreased after longer annealing time. 

Figures 5.48a and 5.48b show the intensity variations with reference to the cube RD- 
rotation and the cube TD-rotation, respectively. These plots are obtained by plotting the 
f(g) values with respect to 0 (from 0° to 45°) in the section <^2 = 0° when is fixed at 0° 
(for RD-rotation) or at 90° (for TD-rotation). The significance of these plots is that they 
indicate a range of orientations in between the cube position (at (f) = 0°) and the Goss or 
rotated Goss position (at (p = 45°). Therefore, the exact intensity values for cube or Goss 
components along with their rotated variations can be directly obtained from these plots. It 
is clear from both these Figures, that there was practically no cube component present at 
the start of annealing and no such component could be found anytime during the annealing 

process. 
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Figure 5.47 r-fibre plots of the annealed samples 
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5.6 Discussion of Annealing Results 

Annealing of the cold rolled two-phase Ni 3 Al(B,Zr) alloy has been found to lead to the 
following phenomena: 

• recovery and reordering, and 

• recrystallization and precipitation 

5.6.1 Recovery and Reordering 

A significant recovery stage was observed during the initial period of annealing, when the 
material was found to soften substantially. This is evident from the results of both the 
isochronal and isothermal annealing experiments (Figures 5.7 and 5.15). 

Although recrystallization was yet to set in, some interesting changes in the microstruc- 
ture of the cold rolled alloy were clearly noticed even after vary short periods of annealing. 
The twins, which comprised a large volume fraction of the cold worked material, were found 
to decrease in density to a significant extent and eventually disappeared in the very early 
stages of recovery. Some of these disappearing twins can be seen in Figures 5.18a, 5.18b, 
5.19a and 5.19b. The twins referred to above were part of the DO 22 structure into which 
the original LI 2 material transformed during cold rolling. The de-twinning phenomenon 
was therefore expected to indicate the reversal of the LI 2 — > DO 22 transformation. This 
was indeed found out to be the case from the XRD results (Figures 5.11a and 5.11b) which 
indicated that both the (100) and (110) superlattice reflections, characteristic of the LI 2 
structure, were simultaneously present in the X-ray profiles even after short term annealing 
treatments, much before the start of recrystallization. Thus, the recovery stage is clearly 
accompanied by a re-transformation process (from DO 22 to LI 2 structure) in this material. 
The order parameter plots (Figure 5.13a to 5.13e) also indicate a rather quick establishment 
of LI 2 ordering during the initial period of annealing. The order parameter values do not 
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show any significant change during subsequent recrystallization, indicating thereby that the 
level of ordering, characteristic of this material, is established essentially during the recovery 
stage. 

A very interesting observation during the recovery stage was a significant change in the 
crystallographic texture from that in the cold rolled condition. The textures of the material 
after 4 min and 10 min of annealing at 900°C (Figures 5.43a, 5.44a, 5.44b and 5.45) will 
illustrate this point. The volume percent of recrystallization at these two conditions were 
found to be only 4% and 8% respectively. Therefore, any changes in the overall texture 
after 4 min and 10 min of annealing at 900°C cannot be ascribed to the phenomenon of 
recrystallization, but mainly to the recovery and retransformation (reordering) processes 
preceding recrystallization. Although the overall intensity of the texture does not change 
(from its value after 73% cold rolling) after 4 min annealing at 900°C (Figure 5.44a), the P- 
fibre plot (Figure 5.45) shows a drastic decrement of the intensities at the Cu {112}< 111 >, 

S {123}< 634 > and Bs/S {168}< 211 > locations and an increase in the Bs {011}< 211 > 
position. After 10 min of annealing at 900°C, the overall texture intensity also weakens 
drastically. As mentioned above, this weakening cannot be related to the recrystallization 
process, but to the atomic shuffling taking place during recovery and reordering and the 
back transformation from the DO 22 to LI 2 structure. In a' way, therefore, the texture during 
the recovery stage is a kind of transformation texture. 

Although Gottstein et al [114] and Ball and Gottstein [125] investigated the textural 
changes in single phase Ni 3 Al(B) and two phase Ni 3 Al(B,Zr,Fe) during deformation and 
recrystallization, they did not attempt measurement of textural change during the recovery 
stage. Ghosh Chowdhury et al [119] who made a systematic study of the structural and 
textural changes during the processing of a single phase Ni 3 Al(B) alloy, however, reported 
a marked weakening and change of the cold rolling texture during the very early stages of 
annealing prior to recrystallization. 
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5.6.2 Recrystallization and Precipitation 

The 73% cold rolled material essentially consists of disordered 7 (~ 25%) and the rest ordered 
7/ (DO22)- While 7 is known to deform by slip, 7/ with DO22 structure deforms essentially 
by twinning [145]. Therefore, the Cu component of the composite texture of the cold rolled 
material is expected to be derived significantly from the deformation of the former and much 
less from the deformation of the latter. The drastic weakening of the Cu component of the 
texture during the very initial period of recrystallization (Figure 5.45) therefore indicates 
changes in the deformed 7 regions first. In fact, the initial recrystallized grains have been 
found to occur as clusters along the deformed 7 regions adjacent to the 7/ matrix (Figure 
5.20b). Early recrystallization activity, preferably in the shear band regions, containing the 
deformed 7 islands, was also noticed in optical micrographs (Figure 5.7). 

Many of these earlier formed recrystallized grains are found to contain discontinuous 
(cellular) precipitates inside them (Figures 5.20a and 5.21a). The presence of plate-shaped 
precipitates at an inclined interface between a recrystallized grain and the adjacent deformed 
region (Figures 5.23a and 5.23b) indicate that the discontinuous precipitation could possibly 
have occurred by the well known pucker mechanism proposed by Tu and Turnbull [156]. 
This mechanism is schematically presented in Figure 5.49. 

The interfaces mentioned above are thus the reaction fronts for both recrystallization and 
discontinuous precipitation (DP). Discontinuous precipitates could be seen in the cold rolled 
materials which were subjected to annealing at 700°C and 800°C. The morphology of the 
precipitates changed distinctly when higher annealing temperatures were employed. After 
annealing at 900°C isolated rod-shaped precipitates as well as plate-shaped and globular 
precipitates could be seen within recrystallized grains (Figures 5.27a and 5.27b). Only 
globular precipitate particles were observed when the cold rolled material was annealed at 
1000°C (Figures 5.32 and 5.33a). It was further observed by TEM that whatever annealing 
temperature was used, only a fraction (~ 50% as a rough approximation) of the final 
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recrystallized grains contained precipitate particles inside, while others did not and appeared 
quite clean (even after tilting of the foils inside the TEM). The SAD patterns from both 
these types of grains, however, showed the superlattice spots in addition to the fundamental 
spots. XRD results indicated that with the progress of 'annealing, the volume fraction of 
the 7 phase increased significantly from its initial value of ~ 25% (Figure 5.3). This can be 
observed very clearly from a study of the XRD peaks for the isothermally annealed samples 
after prolonged heat treatment at higher temperatures (Figures 5 . 12 a and 5.12b) where the 
7 phase peaks have been found to be even stronger as compared to the corresponding 7 / 
peaks. That the volume fraction of the 7 phase increases when a deformed two phase NisAl 
base alloy is annealed at higher temperatures, has also been reported by Valiev et al [95]. 
Watanabe et al [103], who investigated the interface between Ni/NisAl diffusion couples, 
detected the formation of a new 7 phase on the NisAl side of the couple. A higher volume 
fraction of the 7 phase in this particular alloy composition at higher annealing temperatures 
can also be predicted from the relevant phase diagram (Figure 2.1). 

The above discussion therefore points to the scenario that prolonged annealing of the cold 
worked material will produce a substantial volume fraction of the 7 phase. Very careful TEM 
examination has revealed that SADs from pure disordered 7 phase regions were very sparse 
and that the bulk of the 7 regions containing precipitates which initially recrystallize from 
the cold rolled material give SAD patterns corresponding to the 7 / phase. Thus these must 
be the recrystallized 7 grains with 7 / precipitate particles inside. Hornbogen and Kreye 
[157] also reported that during aging of severely deformed Ni-Al alloys in the two-phase 
field, ordered particles of 7 / were formed in the 7 behind the recrystallization front. Many 
of the recrystallized grains (~ 50% as a rough approximation) which appear at a somewhat 
later stage and do not show any precipitates inside, but at the same time exhibit SADs 

characteristic of 7 /, must be the recrystallized 7 / grains. 

The microstructure of the highly annealed material is therefore expected to consist of 
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• about 50% by volume fraction of recrystallized disordered 7 phase with dense precipi- 
tates of ordered 7 / inside. 

• another nearly 50% by volume fraction of recrystallized ordered 7 / grains and 

• an insignificant volume fraction of the pure disordered 7 phase. 

The fine size of the precipitate particles will preclude observation using an optical or a 
scanning electron microscope. Using these equipments therefore the fully recrystallized mi- 
crostructure would appear as if there was only a single phase, as was the case observed in 
this investigation. 

5.6.3 Mechanism of Recrystallization and Precipitation 

On the basis of the experimental results described earlier in this chapter, an attempt will 
now be made to account for the recrystallization and precipitation reactions as were observed 
on annealing. 

As stated in the previous chapter, the 7 islands (many of which appeared to contain some 
7 / particles inside) of the homogenized material were deformed along with the 7 / during cold 
rolling. These 7 islands were also found to align themselves more ajid more within the 
macroscopic shear bands as the rolling progressed - the' alignment being mostly complete 
after 73% rolling (Figure 4 . 4 h). During the initial stages of annealing, major actmty was 
noticed within these shear bands where the signs of initial nucleation of strain free grains 
were observed (Figures 5.7 and 5.8a). Transmission electron micrographs clearly showed 
the formation of the new recrystallized 7 grains which formed in clusters (Figure 5.20b) 
indicating a high nucleation rate within the shear bands. 

Simultaneously, along with the nucleation of strain free 7 grains within the shear bands, 
and quite likely even before the onset of recrystallization in those regions, some atomic 
shuffiing must be taking place in the nearby deformed 7 / regions, as evident from the drastic 
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changes of the 7/ order parameter during the early stages of annealing. The atomic shuffling, 
coupled with the de-twinning process, that was clearly observed, led to a change in the 
structure of 7/ from DO22 back to LI2. Much of the strain energy' of the cold work must 
have been released from the deformed 7/ regions during this transformation process; this 
is also evident from the strain parameter plots (Figure 5.14). As a result there may not 
be sufficient amount of strain energy left in these regions to trigger a fast recrystallization 
process. 

The recrystallized grains of the 7 solid solution wall now grow' at the expense of the 
deformed 7/ regions by the movement of the 7/7^ interface towards the 7/. At the lower 
temperatures of annealing (700°C and 800°C) a combined recrystallization and discontin- 
uous precipitation reaction will occur giving rise to the typical cellular morphology of the 
precipitates within the 7 grains, as observed (Figures 5.21a and 5.23a). The morphologv' of 
the precipitates changes at higher temperatures, and at 1000°C instead of the cellular pre- 
cipitation, globular particles precipitate within the 7 grains (Figure 5.32). The precipitate 
particles at certain stage could exert a retarding force on the advancing recrystallization 
front thereby bringing the recrystallization of the 7 grains to a stop. Annealing beyond this 
stage will possibly allow the deformed 7/ grains, which could not recrystallize earlier due to 
insufficient driving force, to start recrystallizing. 

5.6.4 Discontinuous Reactions 

I 

Discontinuous precipitation is a well known phenomenon which occurs, more commonly, 
during the recrystallization of two phase alloys. As an essential pre-requisite, a supersatu- 
rated matrix; should be available and this should decompose at the advancing reaction front. 
Basically it is an autocatalytic reaction [158] and the term discontinuous refers to the com- 
position of the matrix lattice which changes discontinuDusly across the reaction front. There 
may be several kinds of discontinuous reactions [158]: 
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• Recrystallization, in which the boundary of a strain free subgrain moves into the de- 
formed matrix. 

• Phase transformation, in which the newly formed stable phase spontaneously grows 
and consumes the parent phase. 

• Discontinuous precipitation from a supersaturated matrix, in which nucleation occurs 
at the advancing reaction front, as a result of which the precipitates assume a cellular 
appearance. 

• Eutectoid reaction, which is basically a kind of phase transformation. The product 
phases nucleate at the reaction front thereby giving rise to a lamellar structure. 

• Combined recrystallization and precipitation, in which the recrystallization front itself 
acts as the reaction front. A supersaturated deformed matrix is likely to trigger this 
kind of combined reaction on annealing. 

• Dissolution of a metastable phase may take place at an advancing reaction front (after 
a grain boundary) and reprecipitation of a stable phase may occur subsequently. 

• Crystallization of an amorphous mixture of atoms, in which a crystallized phase grows 
discontinuously at an advancing reaction front. 

The interaction between recrystallization and precipitation as a function of the temper 
ature of annealing is shown schematically in Figure 5.50 [159]. Four different zones can be 
identified in this diagram, viz, 
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■ 5-50 Schematic diagram showing the interaction between recrystallization and 

precipitation as a function of the temperature of annealing [159] 
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Zone I : Recrystallization only 

Zone II : Recrystallization followed by precipitation 

Zone III : Combined recrystallization and precipitation 

Zone IV : Continuous precipitation followed by recrystallization 

It is apparent that annealing at lower temperatures of 500‘’C or eOG^C would correspond 
to the zone IV of this diagram. Continuous precipitation will occur throughout the matrix 
and this will cause an inordinate delay in the start of recrystallization. In fact it was noticed 
in the present investigation that annealing for very long period of time (~ 50 hr) failed to 
reveal any recrystallization in the samples annealed at 600°C. 

The structural changes in the samples annealed at 700°C and 800°C corresponded to the 
zone III of Figure 5.50 where a combined recrystallization and precipitation occurred. As 
mentioned earlier, the interface between highly deformed disordered 7 and ordered 7/ acted 
as the reaction front in this case. Work by Bohm [160] led to the suggestion that in an alloy 
system where and rs are the radii of the solvent and the solute respectively, discontinuous 
precipitation will be possible if (rg — rA)frA > 0.11. In the Ni-Al system, atomic radii of 
Ni and A1 are 0.125 nm and 0.143 nm respectively and this yields an (rg — r^)/r5 ratio of ~ 
0.14, which clearly indicates that discontinuous precipitation is quite likely in this system. 
In Cu-base alloys discontinuous precipitation is found to be favoured if the second solute 
element deviates in its atomic radius in the same direction as the first solute element [160, 
161]. In the present material, the seond solute element, Zr has an atomic radius of 0.16 nm 
and hence this may be favourable for discontinuous precipitation in this system. 

As mentioned earlier, Watanabe et al [103] found out from their experiments on Ni/NiaAl 
diffusion couple that during diffusion anneal, a Ni-rich 7 phase is produced from the 7/ 
(NisAl) as a consequence of atom exchange, with Al being diffused out and Ni atoms being 
diffused in the NiaAl. In the present material, the adjacent 7/7/ regions should behave in 
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a similar manner. The only difference is that the disordered 7 will be in a recrystallized 
condition right at the initial stages of annealing, while 7/ will still be in a deformed con- 
dition. The formation of new 7 from the 7/ will create an interface between the two and 
the movement of this interface into the deformed 7/ will enlarge the 7 regions. Presumably 
this interface is populated by small NisAl particles (Figure 5.23b) which could initiate the 
lamellar discontinuous precipitation as the interface (recrystallization front) moves. In this 
way the already recrystallized 7 grains will grow, eating into the 7/ regions and at the same 
time these will be covered by copious cellular precipitation inside. 

Recrystallization of the 7/ regions will start later presumably because of less strain energy 
in them and therefore less driving force as mentioned earlier. The process is also expected 
to be quite sluggish as the mechanism of recrystallization in the ordered state might involve 
migration of only low or medium angle boundaries [112]. When 7/ recrystallization will also 
be complete, the microstructure will consist of recrystallized 7 with discontinuous (cellular) 
precipitates of NisAl inside plus recrystallized 7/. Both types of grains will therefore show 
the superlattice spots in addition to the fundamental spots in SAD; the superlattice spots 
from the essentially 7 matrix grains will be weaker as compared to those from the 7/ grains. 
This has actually been observed in the present investigation. 

The structural changes in the samples annealed at 900°C clearly corresponded to the 
boundary region between zone III and zone II since both discontinuous precipitation and 
globular precipitation were observed in different grains simultaneously (Figure 5.29b). The 
structural features in the material annealed at 1000‘’C apparently corresponded to the zone 
II of Figure 5.50 where the process of recrystallization starts first and this is followed by pre- 
cipitation. It is quite likely that due to the highly deformed microstructure of the disordered 
7 (with 7/ particles inside) and the higher annealing temperatures used, the fine 7/ particles 
will dissolve into the 7 matrix simultaneously with the recrystallization of 7- As the 7/7' 
recrystallization front will move into the 7/ regions flux of A1 atoms will preferentially flow 
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from 7 / to 7 regions [103]. The supersaturation of the 7 - phase with respect to A 1 and the 
availability of Ni atoms locally will lead to the precipitation of NigAl particles inside the 
7 grains, as has been observed (Figures 5.21a and 5 . 21 b). This phenomenon will then be 
followed by a second stage when deformed 7 / regions will recrystallize. 

5.6.5 Recrystallization Kinetics 

The Avrami exponent n gives a general idea regarding the kinetics of transformation, as it 
depends on the relative flatness or steepness of the fraction transformed versus time curves. 
The values of n determined in the present investigation exhibit considerable difference in 
magnitude below and above the 50% recrystallization level. Few other investigators also 
measured the n values for recrystallization in Ni 3 Al(B) alloy [114, 119]. These values have 
been presented in Table 2.6 in chapter 2 . Ball and Gottstein, from their work on the recrys- 
tallization of single phase Ni 3 Al(B), measured the value of n and found that it varied between 
1.8 and 0.3 as the temperature of annealing was increased from 800°C to IGOO'^C. In a recent 
study, Ghosh Chowdhury et al [119] detected a two stage kinetics during recrystallization of 
a deformed Ni 3 Al(B) single phase alloy. According to their report, below 60% recrystalliza- 
tion an n value of 2.2 at 800°C was obtained. The value of n varied with the temperature of 
annealing and finally attained a value of nearly 0.7 at 950^0. Above 60% recrystallization, 
however, a constant value of 3.0 was obtained for all annealing temperatures. 

A two stage kinetics was also observed in the present investigation. In the first stage 
(below a recrj'stallization volume percent of 50), the value of n varied within a narrow 
range (between 0.68 and 0.82) and was found to be rather independent of the annealing 

temperature. In the second stage (above 50% recrystallization) the value of n was found 

\ 

to be nearly 2.0 (between 1.95 and 2.15, to be more precise), which was again temperature 
independent. 

The relative insensitivity of n towards annealing temperature, and its strong dependence 
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on the volume fraction recrystallized as has been observed in the present investigation is 
a feature quite different from the observations of earlier works on single phase Ni 3 Al(B) 
This could be due to the fact that unlike in the previous investigations the present one deals 
with a two phase qz/q alloy rather than single phase 7 /. -The changes taking place in both 
the phases 7 / and 7 will therefore be reflected in the overall transformation kinetics and 
obviously n values, characteristic of the single phase 7 / alloys, cannot be expected to be 
obtained in this case. 

Two distinct activation energy values were obtained for the two stages of recrystallization 
in the present case. Below the recrystallization volume fraction of about 50%, the average 
value of the activation energy was found to be 117 kJ/mole, while it more than doubled 
to a value of 274 kJ/mole for recrystallization volume fractions above 50% (Table 5.4). 
The activation energy, just like n, was also found to be rather insensitive to the annealing 
temperature. Gottstein et al [114] reported an activation energy value of 120 kJ/mole during 
annealing of a heavily cold rolled Ni 3 Al(B) single phase alloy within the temperature range 
of 650° - 675°C. Ghosh Chowdhury et al [119], who also worked on a single phase NiaA^B) 
alloy, reported an activation energy of 110 kJ/mole below 900°C and more than 400 kJ/mole 
above 900°C. 

Although the Q value of 117 kJ/mole obtained for the first stage of recrystallization in the 
present case, is quite comparable to the values of 120 kJ/mole and 110 kj/mole, as reported 
by Gottstein et al [114] and Ghosh Chowdhury et al [119] respectively, it is difficult to figure 
out the reasons for this similarity. On the other hand, the low Q value of 117 kJ/mole below 
50% recrystallization and the high Q value of 274 kJ/mole above 50% recrystallization, in 
the present case, can be correlated well with the initial comparatively fast recrystallization 
of the disordered 7 phase followed by a rather sluggish recrystallization of the ordered 7 / 
phase, as revealed by the microstructural studies. The Q value at the second stage (274 
kJ/mole) agrees well with that for self diffusion of Ni, which is 293 kJ/mole [162]. It can 
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also be mentioned here that the activation energy for diffusion of Ni in hypostoichiometric 
NisAI was reported to be 309 kJ/mole [96] which is also quite close to the value observed in 
the second stage of recrystallization in the present case. 

The DSC thermograms (Figure 5.42) clearly show that for the 25%, 35% and 45% rolled 
materials, most of the heat is evolved during the recovery stage which is quite extensive, 
leaving only a small fraction of the heat to be evolved during recrystallization. Jena et 
al [115] confirmed the presence of extensive recovery from their calorimetric study of 35% 
cold rolled hypostoichiometric Ni3Al(B). Due to recovery, the subsequent recrystallization 
kinetics was found to be slow. They also found that nucleation started by strain induced 
boundary migration (SIBM) as well as at deformation bands and grain boundaries. 

The shapes of the DSC thermograms for the 55%, 65% and 73% rolled samples appear 
quite similar to those of the less deformed ones upto a temperature of about 700°C. The 
heat evolved till then is due to the recovery of defects as well as the re-transformation from 
the DO22 to the original LI2 structure. The extensive plateau region in these thermograms, 
beyond 700°C, can be ascribed to the first stage of recrystallization involving the disordered 7 
regions which should produce a peak in the corresponding thermogram plus an endothermic 
precipitation reaction producing either the cellular or the globular precipitates. The final 
small peak appearing at temperatures between 1150*^ - 1175"C could be associated with the 
second stage of the recrystallization process involving the 7/ regions. 

5.6.6 Textural Changes 

The crystallographic texture of the 73% cold rolled material was found to change significantly 
right after 4 min annealing at 900°C when only 4% of the alloy was found to recrystallize. 
Both the Goss {011}< 100 > and the rotated Goss {011}< Oil > components were found 
to sharpen at this stage and at least part of it could be related to the newly emerging 
recrystallized grains of the disordered 7 phase appearing primarily in the shear band regions. 
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The Goss {011}< 100 > oriented grains are known to nucleate in the deformation/shear 
bands. Hence initial nuclei of this orientation and its rotated version are quite likely to 
form. The fine 7/ particles present inside the deformed 7 regions could act as heterogeneous 
nucleation sites producing randomly oriented grains during the recrystallization of 7. This 
could suppress the formation and growth of the cube {100} < 001 > oriented grains which 
otherwise would have been expected to form from the heavily deformed disordered FCC 7 
during recrystallization. Cube oriented grains were practically absent in the recrystallization 
texture of the present experimental alloy. Ball et al [125] who worked on an alloy of similar 
composition also could not find any cube component in the annealing texture. However, some 
rotated variations of the cube and another component {123}< 121 > could be detected in 
the final annealing texture in the present investigation. These results have been corroborated 
by the work of Ball et al [125]. These results are also in general agreement with the results 
obtained by Ghosh Chowdhury et al [119] who determined the annealing texture of a heavily 
cold rolled Ni3Al(B) alloy. 

It may be recalled that a drastic weakening of the texture occurs in this material during 
the recovery stage itself when the DO22 structure reverts back to the LI2 giving rise to 
a transformation texture. Before any significant recrystallization takes place, the material 
already possesses a weak texture. The very first recrystallization nuclei to appear were the 
ones in the disordered 7 regions within the shear bands. The small size of these grains 
(figure 5.20b) can be attributed to the high nucleation rate in the shear bands and low 
grain boundary mobility due to the presence of Zr. With the progress of recr\-stallization, 
numerous such grains will appear which will lack any growth selection and as a result the 
overall texture will be very weak, as has been found to be the case. Finally, the 7/ regions will 
also recrystallize by an essentially in-situ phenomenon leading to a final very weak (nearly 
random) texture. 
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• Conclusions 


1 . The initial homogenized material possesses a solidification texture showing a strong 
(200) fundamental peak and a reasonably strong (100) superlattice peak. The imperfect 
LI2 structure of the initial material changes into a fully disordered state after filing. 
The filed powder, after annealing shows the perfect LI2 structure. 

2. The homogenized alloy shows a two-phase microstructure, consisting of disordered 
FCC Ni-rich 7 phase islands randomly distributed over ordered NiaAl (7/) grains. The 
lattice parameters of the 7 and the 7/ phases are 0.3574 nm and 0.3565 nm respectively. 
The Zr atoms preferentially partition into the 7/ phase. Many of the 7 islands appear 
to contain fine 7/ particles inside. 

3. On cold rolling, the (100) superlattice line weakens substantially after 25% reduction 
and totally disappears after 35% deformation. The (110) superlattice fine shows the ' 
first sign of appearance after 35% rolling and can be distinctly seen in the XRD pattern 
after 45% reduction. The order parameter (S) based on the 100/200 reflection pair 
becomes zero after 35% rolling, whereas the order parameter (S) based on the 110/220 
reflection pair starts rising at this level, reaches a maximum value of nearly 0.55 after 
55% deformation, followed by a decrease on further deformation. 

4. Distinct splitting of the XRD lines after 45% rolling indicates the presence of an ad- 
ditional tetragonal ordered phase with a c/a ratio of 2.004. The strain parameter and : 
niicrohardness values show significant drops within 35% and 45% deformation levels. 
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All these observations indicate a structural transformation taking place in the ordered 
7/ phase from LI2 to DO22 as a result of cold rolling. 

5. TEM micrographs show the incidence of twinning in the 35% rolled material. The 
density of twins increases with increase in the amount of cold rolling. Since the LI2 
structure deforms by slip only, whereas the DO22 structure deforms essentially by 
twinning, the presence of twins in the microstructure is an indirect proof of the LI2 ->■ 
DO22 transformation during rolling. 

6. The change of the deformation mode from slip to twinning in the 7/ phase leads to 
a textural transition from pure metal type after 25% to alloy type after 35% - 45% 
reduction. The overall texture intensity comes down after 55% reduction followed 
by a rise again after 65% reduction. The final deformation texture after 73% cold 
rolling consists of the components such as Cu {112}< 111 >, Bs {011}< 211 > and S 
{123}< 634 >, while the peak intensity at this stage, as well as during the intermediate 
transition stage appears at the Bs/S {168} < 211 > position. The Bs component of 
texture is mainly due to the twinning deformation mode in 7/ phase, whereas the 7 
phase, undergoing slip deformation, significantly contributes to the Cu component. 

7. Annealing of the 73% cold rolled material comprises two main stages, namely, recovery 
and recrystallization. The recovery stage is accompanied by the reverse structural 
transformation of the 7/ phase from DO22 to LI2, whereas the recrystallization stage 
is accompanied by a precipitation phenomenon. Reordering is essentially complete 
within the recovery period; order parameter values show only a marginal increase after 
recrystallization . 

8. On prolonged annealing, the 7 phase peaks strengthen considerably with respect to the 
7/ phase peaks, indicating increase in the volume fraction of the 7 phase at the expense 
of 7/. Although optical and SEM micrographs do not show a two phase microstructure 
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after full recrystallization, TEM micrographs reveal nearly 50% of the grains with 
precipitates inside and remaining grains without any precipitates. The SAD patterns 
from both types of grains show LI2 diffraction spots. 

9. On annealing, the highly strained 7 regions (with fine 7/ particles inside) are the first 
to recrystallize. Discontinuous (cellular) precipitates are seen inside these grains after 
annealing at 700° and 800°C. Both lamellar and globular precipitates inside the grains 
are seen after annealing at 900°C, whereas only a fine globular precipitation is observed 
after annealing at 1000°C. The precipitates - whether cellular or globular type are likely 
to be of NisAl (7/). 

10. After the recrystallization of the deformed 7 regions is almost over, the deformed 7/ 
regions start to recrystallize. The final microstructure of the annealed material consists 
of (i) nearly 50% by volume of recrystallized 7 grains with fine 7/ precipitate particles 
inside, (ii) nearly 50% by volume of recrystallized 7^ grains and (iii) a very small 
fraction of recrystallized pure 7 grains without any precipitate inside. 

11. Both the Avrami exponent (n) and the activation energy (Q) are somewhat indepen- 
dent of temperature of annealing, but very much dependent on the volume fraction of 
material recrystallized. Below 50% recrystallization n varies between 0.68 and 0.82, 
whereas above 50% recrystallization it varies between 1.95 and 2.15. The average 
activation energies in these two stages are 117 kJ/mole and 274 kJ/mole respectively. 

12. The overall texture at the beginning of recrystallization is weak and remains so till 
recrystallization is complete. This appears to be due to a high density of randomly 
oriented nuclei at the beginning of recrystallization. The final recrystaUized material 
has a texture not much different from the random. 
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